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Abstract

We reexamine off-lattice Monte Carlo simulations for athermal blends of stiff and
flexible polymers next to a hard wall. The original simulations [Kumar et al., J. Chem.
Phys. 1995, 103, 10332], which were supported by wall-PRISM calculations, predicted
a short-range preference for the stiff polymers at the wall, which contradicts experi-
ments as well as alternative calculations. On this basis, Kumar et al. asserted that
the true entropic preference in the experiments was masked by enthalpic interactions,
and that the other calculations were incorrect because they did not account for local
packing effects at the wall. However, with vastly improved equilibration and statistics,
we now find that the simulations actually predict a long-range surface preference for
the flexible polymers, which resolves a controversy that has existed for over 25 years.
Furthermore, we show that the excess of flexible polymer adopts a universal concen-
tration profile, as predicted by mean-field theory [Wu et al., J. Chem. Phys. 1996,

104, 6387).



Introduction

The blending of polymers provides a simple means of tailoring material properties. However,
it can also complicate surface properties, which are important for many technological ap-
plications including adhesion, lubrication, wetting, colloidal stabilization, catalysis, material
processing, and protein adsorption.! Naturally, surface behavior will generally depend on
both enthalpic and entropic effects, but it is usually the enthalpy that dominates. As a re-
sult, the role of entropy has received less attention. It is, nevertheless, well understood that
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entropy favors small polymers at the surface, as confirmed by theory,?* simulations,
experiments.® On the other hand, researchers have yet to develop a consistent understanding
of entropic surface segregation due to conformational asymmetry.

1.7® in experiments

The effect of conformational asymmetry was first noticed by Sikka et a
on a series of polyolefin diblock copolymers, where the two components were chemically
similar but with considerably different statistical segment lengths. Note that the compar-
ison is based on segments of equal molecular volume. The experiments observed that the
diblock copolymers always ordered with the short-segment-length component at surfaces.
Subsequent experiments by Scheffold et al.? on binary polyolefin blends also found similar

10,11 examined blends of isotactic

preferences. Other experiments by Tretinnikov and Ohta
and syndiotactic PMMA, where the monomers of the two polymers are identical but linked
together differently resulting in a shorter statistical segment length for the syndiotactic ver-
sion. Again, it was the short-segment-length component that segregated to surfaces. Despite
the chemical similarity of the components, it is still uncertain whether or not the experiments
were truly free of significant enthalpic effects.” !

Theories have the distinct advantage that they can ensure there is no enthalpic bias, but
despite this advantage they have actually confused the issue. Density functional theories
(DFTs)'*13 and self-consistent field theory (SCFT)!*!® have predicted that the polymers
with the shorter statistical segment length segregate to the surface. However, wall-PRISM

16,17

calculations predicted the opposite. Likewise, Stepanow and Fedorenko!'® found that



fluctuation corrections to SCFT lead to a preference for the component with the longer
statistical segment length.

Simulations provide a means of testing the approximations used by theories, but this too
has not resolved the contradictory results. Monte Carlo (MC) simulations by Kumar and

16,17 of binary blends of flexible and stiff polymers next to hard walls observed a

coworkers
general preference for the stiff polymers with the longer statistical segment length, which
quantitatively supported the wall-PRISM calculations. On the other hand, molecular dy-
namics (MD) simulations on diblock copolymer melts by Nikoubashman et al.'® reported a
preference for the component with the shorter statistical segment length. Most recently, we
performed MC simulations of flexible and stiff polymers,?° and found a general preference
for the flexible polymer, quantitatively consistent with the SCFT calculations of Wu et al.!?

Despite their diametrically opposing conclusions, the only meaningful difference between

16.17 and our previous ones?” is that they are based on

the simulations of Kumar and coworkers
off-lattice and lattice models, respectively. It is a common practice to restrict the monomers
of large and relatively flexible polymers to a lattice so as to increase the computational
efficiency of simulations, with the expectation that the artificial lattice will not alter the
qualitative behavior. 222 If the lattice does actually reverse the surface segregation, then one
also needs to consider the possibility that the behavior is hypersensitive to model details,
implying the potential need for accurate models involving atomistic details. This possibility
is actually supported by similar off-lattice simulations?® for blends of linear and branched
polymers, which found that the segregation was sensitive to the details of the interactions
with the walls and between monomers. Another, perhaps more palatable, possibility is that
the earlier and more computationally challenging off-lattice simulations may have been cor-
rupted by non-equilibrium effects. Indeed, there exist serious irregularities in their reported
radii of gyration, and furthermore their protocol for equilibration appears inadequate as we

will discuss shortly. Given these concerns and the potential ramifications, we reexamine the

off-lattice MC simulations.



Monte Carlo Simulation

The simulations involve n polymers of which n, are stiff and ny = n—n; are flexible. The stiff
polymers are labeled by j = 1,2, ...,n, and the flexible polymers by j = ns+ 1,ns+ 2, ..., n.
To avoid entropic segregation due to size disparity,? ¢ both polymers have an equal number

of monomers labeled by ¢ = 1,2,3,..., N. The vector rgj ) denotes the center of monomer

1 of polymer 7, as depicted in Figure 1. Monomers are treated as impenetrable spheres of

diameter one, which defines our length scale, and polymers are modeled as tangent spheres,
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which is enforced by restricting the bond vectors, u;” = r;\’; —r;”’, to a length of one, as

depicted in Figure 1. The conformational asymmetry is introduced by applying a bending

energy of

Ns

N—1
Ehend G) ()
knT = _ﬁzzuij 'uz‘il (1)

j=1 i=1

to the stiff polymers where & is a dimensionless bending modulus. The polymers are placed
in a simulation box of size L, x L, x L, and volume V = L,L, L, with periodic boundaries
in the x- and y-directions and impenetrable walls at z = 0 and L,. In all cases, we fill the
simulation box to an average monomer concentration of nN/V = 0.6, a value regarded by

Kumar et al.!7 as corresponding to melt density.

Figure 1: Illustration showing a portion of the jth polymer. The position of the ith monomer

is denoted by the vector rz(] ) and the orientation of its bond with the (¢ + 1)th monomer is
©)

i -

denoted by the unit vector u

Our MC simulations attempt, with equal probability, reptation, end-rotation, crankshaft,

and swap trial moves; the first three single-chain moves are illustrated in Figure 2. Each trial



is immediately rejected if it results in an overlap, and otherwise it is accepted or rejected

based on the standard Metropolis criterion. The reptation trial randomly selects one of the

2n end monomers and a new bond vector ugj ) [or u%)_l]. The bond vector is chosen to satisty

u - uf’ > —0.5 [or u%)_l : u%)_2 > —0.5], which prevents monomer i = 1 [or ¢ = N| from
backfolding onto monomer i = 3 [or i = N —2]. If accepted, the end monomer moves from rgj )
to rgj ) +u§j ) [or from r%) to r%) — u%)_l] with all the other monomers shifting one bond along

the chain contour (i.e., rgj ) rl(i)l) Likewise, the end-rotation selects one of the 2n end
monomers and a new bond vector, again with the same constraint that prevents backfolding
for the reptation move. If accepted, the end monomer adopts the new bond vector while
the rest of the chain remains fixed. The crankshaft trial selects one of the (N — 2)n middle
monomers and an angle of rotation. If accepted, the middle monomer rotates about the
axis connecting its two bonded neighbors. The swap trial randomly selects one of the stiff
polymers, j € {1,2,...,n,}, and one of the flexible polymers, j' € {ns + 1,ns +2,...,n}. If

accepted, the two chains swap positions (i.e., I‘Ej ) & rl(j ,)).

original conformation after crankshaft move

after end-rotation move after reptation move

Figure 2: Tllustrations of the three single-chain MC moves on an N = 7 chain. New monomer
positions are denoted by dark circles and deleted monomer positions are indicated by dashed
circles.

The efficiency of MC simulations is highly dependent on a judicious choice of MC moves.?*

1617 only employed reptation, crankshaft, and swap trials. The accep-

Kumar and coworkers
tance rate of the reptation trial becomes small at high density, because of the difficulty in

finding sufficient void space for a new position of the end monomer. The crankshaft trial has



a reasonable acceptance rate, but only because small-angle rotations require less void space.
The acceptance rate of the swap move becomes particularly small when x or N are large,
due to the fact that the stiff chain must adopt N — 2 new bond angles each characteristic
of a flexible chain (i.e., Kk = 0). The problem with a low acceptance of the reptation and
swap trials is that this tends to pin the end monomers, since the crankshaft move only acts
on middle monomers.?® It is for this reason that we included the end-rotation trial, which
maintains a reasonable acceptance rate for the same reason as the crankshaft trial. The ac-
ceptance rates for reptation, crankshaft, end-rotation, and swap moves were roughly 2-4%,
20-30%, 5-10%, and 0.004-40%, respectively, depending on the system parameters.

We start our simulations by placing equal numbers of flexible and stiff polymers between
walls of cross-sectional area 10 x 10. This is done by randomly choosing the position of each
first monomer, rgj ), and then the subsequent unit bond vectors, uz(j ), subject to the constraint
that all monomers must remain between the two walls. Given that the process is the same
for both types of polymers, the simulations will necessarily begin with zero conformational
asymmetry. Any overlaps between the monomers in the initial configuration will be gone
once each monomer position has been renewed (i.e., has undergone a single move from Figure
2), which generally happens within 10> MC steps per monomer. Kumar and coworkers!?
generally terminated their equilibration at this point. Anything less is clearly insufficient, but
even this number of MC steps is highly suspect given the general difficulty in equilibrating
polymers of large N.2627 In particular, there is little time for the stiff polymers to evolve
from their random-walk conformations to the more extended conformations corresponding
to equilibrium, which could explain their underestimations of the conformational asymmetry
between the stiff and flexible polymers (see Supplementary Information). Given the luxury
of our faster MC moves, we continue the equilibration far beyond the first few seconds it now
takes us to clear the overlaps. In fact, we extend the equilibration to approximately 10° MC

steps per monomer. Following that, we periodically repeat the simulation box to produce a

larger surface area, and equilibrate again for approximately 108 MC steps per monomer.



Once the equilibration is complete, we collect statistics for about 10° MC steps per
monomer. Statistics are also collected for the smaller 10 x 10 x L, boxes, to confirm that
there are no significant finite-size effects. In contrast, Kumar et al. used from 10® to 5 x 108
MC moves to collect statistics on systems containing between 10% and 10* monomers (i.e.,
around 10° MC steps per monomer). Thus, we are able to perform roughly 10? times more
MC steps. About two order of magnitude of this improvement can be attributed to the
intervening 25 years of computer development. The remaining two orders can probably be
attributed to our use of an efficient nearest-neighbor table. This is accomplished by dividing
the simulation box into cells (or voxels). Because we are dealing with hard spheres, we able to
choose the voxel size small enough (e.g., 0.5 X 0.5 X 0.5) to limit the maximum occupancy to
a single monomer (once the overlaps are gone), but large enough that a grid of only 5 x5 x5
voxels needs to be checked for each single-chain move in Figure 2. With this innovation, we

are able to perform approximately 108 MC steps per minute on a single CPU.

Results

Kumar et al. detected the segregation by sampling the distribution of monomer centers from

the flexible and stiff polymers,

=
ﬁ

2" (2)

(z—2") (3)

(4)

respectively, where z; (g

is the z-component of the position vector r;’ ). Their ensemble aver-
ages, pf(z) and p4(z), developed strong peaks at the surface due to layering. It is difficult to
gauge the packing within the surface layers, because it depends on both the monomer con-
centration and the degree of localization (i.e., the width of the distribution). Given that the

monomers are hard spheres, the physical volume occupied by the monomers is well defined.



Therefore, we instead examine the volume fractions of each monomer type,

fal2) = / polz — Z)H(1 — |R|)dR (4)

which are bounded by a value of one. Here, a = s or f, H(z) is the Heaviside function, and
Z is the z-component of R.

Our first simulation for N = 40 and x = 1 starts with equal numbers of flexible and
stiff polymers, ny = n, = 24, in a simulation box of size 10 x 10 x 32. Because of a
general tendency for flexible polymers to segregate to the surface, a depletion occurs in the
bulk region. In our previous lattice simulations,?® we tweaked the numbers of flexible and
stiff polymers to restore the 50-50 composition in the bulk region, but this is challenging
for the smaller system sizes typical of off-lattice simulations. For the current system size,
the number of flexible polymers needs to be increased to 24.33, but of course ny must be
an integer. Fortunately, given the convenient fractional increase required, we were able to
obtain an accurate balance by periodically repeating the simulation box three times in each
lateral direction increasing its size to 30 x 30 x 32 and then relabeling three of the stiff
polymers as flexible polymers to obtain ny = 219 and n, = 213.

Figure 3 plots the distribution of the monomer centers, ps(2) and p,(z), as well as the
concentration profiles, ¢r(z) and ¢4(z). The latter profiles exhibit strong peaks at z ~ 0.8
implying a well-defined layer of monomers with roughly equal populations from the flexible
and stiff polymers. Despite the large 25% increase in concentration relative to the bulk
concentration, the monomers remain loosely packed. The fact that ¢,(z) and ¢(z) are
both approximately 0.2 means that the average void space is approximately 60%, which is
still rather large. Nevertheless, the total concentration of the layer is unrealistically large,
given that even crystallization of a liquid does not generally increase concentration by more
than 10%. This high compressibility implies that the monomer density chosen by Kumar et

t.20

al., nN/V = 0.6, is still significantly less than that of a real mel There are also visible
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Figure 3: (a) Distribution of the monomer centers, ps(z) (solid curve), and stiff polymer,
ps(2) (dashed curve), next to a hard wall, evaluated for equal polymerizations of N = 40
and a bending modulus of k = 1 for the stiff polymers. (b) Analogous plots for the monomer
concentrations, ¢;(z) and ¢4(2).
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oscillations showing evidence for second and third layers, but in this case they are dominated
by monomers from the flexible polymers.

We also examine the average end-to-end length of the flexible and stiff polymers, Ry ;
and Ry s, respectively, which were obtained by sampling polymers in the bulk region. Note
that the bulk is certain to remain in a mixed isotropic state for the small conformational
asymmetries considered in our study.?0722:2830 From the end-to-end lengths, we evaluate the
average

R§ = (R + Rj /2 (5)

which provides a scale for the conformational size of the polymers, and the ratio
nyRO,s/ROJ—lZO (6)

which measures the conformational asymmetry. For the current value of kK = 1, the polymers
have a conformational asymmetry of v = 0.13. Even at this relatively small asymmetry (note
that 0.2 < v < 0.6 in the experiments of Sikka et al.”), the amplitude of the segregation
is 8% of the bulk concentration. Furthermore, this excess of flexible polymer persists well
beyond the layering to a distance comparable to the average polymer size, Ry = 9.08.
Naturally, the required increase in ny to achieve a 50-50 bulk composition is rarely a
convenient fraction, and so for the rest of the simulations we choose to just double the
system in the lateral directions without adjusting ny. The parameters used for the remaining
simulations are listed in Table 1. Even though we keep ny = n,, the system sizes are
sufficiently large that the bulk concentrations, ¢y o, do not deviate far from 0.5. For instance,
the simulations for N = 40 and x = 1 with ny = ny = 96 result in bulk concentrations of

¢o,r = 0.493 and ¢g s = 0.507. In any case, the definition of surface excess of flexible polymer

¢ex<z> = ((bf('z) - ¢S(5> - ¢0,f + ¢0,s)/2 (7)
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accounts for the asymmetry in composition (i.e., ¢ex(z) — 0 as z — 00). Although ¢e(2)
will still depend on the bulk composition to some degree, the effect is negligible for the
systems in Table 1. Indeed, the ¢e(z) obtained from the concentration profiles in Figure

2(b) is virtually identical to the one obtained for ny = n, = 96.

Table 1: Parameters for the simulations in Figures 4 and 5.

N K N ny Ly x Lyx L, R, v

40 0.5 96 96 20 x 20 x 32 8.72 0.05
40 1.0 96 96 20 x 20 x 32 9.08 0.12
40 1.5 96 96 20 x 20 x 32 954 0.21
40 2.0 96 96 20 x 20 x 32 10.10 0.32
20 1.0 144 144 20 x 20 x 24 6.18 0.14
80 1.0 72 72 20 x 20 x 40 12.82 0.13
160 1.0 48 48 20 x 20 x 64 18.84 0.12

Figure 4: Excess of flexible polymer, dex(2), relative to the average bulk concentration,
®o0 = (¢o,f + ¢0,5)/2, evaluated for a fixed polymerization of N = 40 and a range of different
bending moduli, k. The dashed curves are fits to ¢ex(2) = A,F,(Z).

Figure 4 compares the excess of flexible polymer, ¢ex(z), as the bending modulus of the
stiff polymer, k, is increased. As expected, the amplitude of the excess increases due to
the increasing conformational asymmetry: v = 0.05, 0.12, 0.21, and 0.32 for x = 0.5, 1.0,
1.5, and 2.0, respectively. Although the stiff polymer tends to dominate the first layer of

monomers (z &~ 0.8) as k increases, the total (i.e., integrated) excess is always dominated by
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the flexible polymer. The range of the excess remains relatively constant, as expected given
that there is only a small variation in Ry (see Table 1). Particularly remarkable is the fact

that the excess of flexible polymer beyond the layering quantitatively matches the profile

(14 22

exp(—2?) — (% + Z3) erfc(Z) (8)

predicted by Wu et al.,'® where Z = /3/22/Ry. The dashed curves in Figure 4 denote the

fits pex(2) = A, F,(Z), where the amplitude, A,, is the only fitting parameter.

0.15

0.00

Figure 5: Analogous plots to those of Figure 4, but evaluated for a fixed x = 1 and a range
of different V.

Figure 5 performs a similar comparison, but this time for blends with increasing poly-
merizations, N, where the bending modulus of the stiff polymer is fixed at x = 1. As
expected, the range of the excess increases as the polymers become larger; Ry = 6.2, 9.1,
12.8, and 18.8 for N = 20, 40, 80, and 160, respectively. In this case, the conformational
asymmetry, v, is relatively independent of NV as it should be, unlike the erratic dependence
reported by Kumar et al. (see Supporting Information). Again, the single-parameter fits to
bex(2) = A, F,(Z) agree well the long-range excesses. Furthermore, the magnitude of the
excess increases as the polymers become larger, which is qualitatively consistent with the

SCFT calculations of Wu et al.'> This can be attributed to the fact that larger polymers
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have more conformational entropy.

Discussion

Our findings are in stark contrast to those of Kumar et al.'%!” While we observed a long-
range excess of flexible polymers extending to z ~ Ry, they reported a short-range excess of
stiff polymers only extending to z ~ 1. Direct comparisons are provided in the Supporting
Information, where we repeat four of their simulations using identical parameter values.
The differences are most severe for the larger polymers, but they still remain significant
even for their shortest NV = 10 polymer. The inconsistency is readily explained by a lack
of equilibration as initially suspected?” as well as a lack of statistics. We performed many
orders of magnitude more equilibration and several orders of magnitude more statistics. The
mere fact that we get distinctly different results is enough to prove that they did not perform
enough MC steps, assuming the computer codes are free of errors. To ensure that our longer
durations were sufficient, however, we monitored the size of the molecules, Ry s and Ry s, the
bending energy of the stiff polymers, Upeng, and the symmetry of the concentration profiles,
¢a(2) —@a(L, —2). The excess concentration, ¢, (z), was the slowest quantity to equilibrate,
much more so than the time required for the initial value of v = 0 to reach its equilibrium.
Indeed, Kumar et al. obtained values of v for N = 10 and 25 that are only slightly smaller
than ours, and yet their profiles remained inaccurate. For N = 50 and 100, however, it
appears that they did not wait long enough for v to equilibrate.

We generally ran our simulations several times longer than necessary, to be certain that
the statistical inaccuracies were within the line widths of our plots. The two exceptions were
for N = 80 and 160. To obtain accurate results for these longer polymers in a reasonable
amount of time (i.e., on the order of a month), we combined 20 and 30 independent runs,
respectively. Based on the statistical variation in the independent runs, the uncertainty

in those results is about twice the line widths in Figure 5. Even though there is a clear
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explanation for why the previous simulations differed from ours, we performed a battery of
tests to ensure that our simulations were free of errors. This included comparing our efficient
algorithm against a slow but very basic version of the code, and running simulations with
different combinations of MC moves (i.e., reptation+swaps, end-rotation+crankshaft+swaps,
reptation+end-rotation+crankshaft, and just reptation). We also snipped polymers in half
and confirmed that the equilibrated concentration profiles for NV evolved into those for N/2,
illustrating that our results were independent of how the system was initialized. Furthermore,
the close quantitative agreement with eq (8) in Figures 4 and 5 is too improbable to be a
mere coincidence, and thus we can be confident that there are no errors in our simulations
and that they are as accurate as claimed.

The quantitative agreement that we observe between the long-range part of ¢ec(2) in
the simulations and the F,(Z) derived from SCFT is particularly significant, given that the
simulations are for the hard tangent-sphere model whereas the derivation is for the contin-
uous Gaussian-chain model. This was also the case in our previous lattice simulations,?
which implies that F},(Z) is universal to all models. If so, then it must also be universal
to all experiments, since models can always be refined to provide an arbitrarily accurate
representation of any experimental system. The derivation of F,(Z) does, however, assume
small conformational asymmetry,’® and indeed the fits to ¢ex(z) = A,F,(Z) become less
accurate for large k (see Figure 4), as was the case for the lattice simulations in ref 20. The
applicability of the derivation also relies on large N, although F,(Z) still remains surpris-
ingly accurate for polymers as short as N = 20 (see Figure 5). We note that an analogous
universality has been predicted for entropic segregation due to size disparity,®* and likewise
confirmed by simulations.®

The SCFT calculation by Wu et al.'® was performed by splicing together a short-range
profile near the surface with the long-range profile in eq (8). Although the outer profile is

evidently universal, the inner solution depends on the details of the system. As a conse-

quence, the amplitude of the outer profile, A,, cannot possibly be universal. Indeed, this
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was illustrated in our previous study of the lattice model, where simulations were performed
with difference surface fields.?’ Now that we have shown F,(Z) to be a universal profile, the
next issue will be to understand how the inner solution and thus A, depends on the system
details, including packing effects. However, this is beyond the scope of the present paper.

Our new simulation results have serious implications for a number of previous works.
First of all, they contradict the short-range excess of stiff polymer predicted by the wall-
PRISM calculations of Kumar et al.'6!” While wall-PRISM undoubtedly accounts for the
local correlations near the wall, its closure relation may restrict its ability to treat the long-
range correlations relevant to the outer solution. The wall version of PRISM also has a
number of addition approximations that could be faulty. Donley et al.! have argued that
wall-PRISM and thus the simulations of Kumar et al.!%!" are consistent with the SCFT
calculation of Wu et al.'® as well as the experiments of Sikka et al.”® This too must be
incorrect, and indeed we have identified subtle logical flaws that negate their arguments
(see Supporting Information). Lastly, the fluctuation-corrected calculation of Stepanow and
Fedorentko!® is now inconsistent with all available simulations. This may be due to their
choice of boundary condition for the effective single-chain Green’s function; they considered
Dirichlet and Neumann (reflecting) boundary conditions, choosing the latter, but they over-
looked the Robin (mixed) boundary condition suggested by the SCFT calculation of Wu et
al.1?

Given the extreme increase in MC steps required to correct the results by Kumar et
al.,1%17 there are a few other simulations from the same time period that may have to be re-
considered. In particular, there are some by Weinhold et al.?® for long polymers of N = 200.

2532 o]

We also have concerns regarding simulations of an analogous tangent-sphere model;
though the monomers in that model were slightly penetrable, the simulations were performed
at higher density with similarly long polymers. Yethiraj??® considered entropic segregation

of much smaller N = 19 polymers, but some of his excess concentrations extend well beyond

Ry, the limit implied by the universal profile. Given that, one might even wonder about

16



several other simulations involving similarly sized polymers.333¢ The later simulations may
have benefited from a ‘jiggling’ MC move where all the monomers of a chain underwent small

random displacements, but this was also true of the simulations in ref 23.

Conclusions

In summary, we have shown that the number of MC steps used in the previous off-lattice

16,17 wwas insufficient. To obtain accurate results, we

simulations by Kumar and coworkers
increased the equilibration and statistics by multiple orders of magnitude, which resolved
their erratic behavior in conformational asymmetry, v (see Supplementary Material). More
importantly, the improved equilibration and statistics reversed the simulation results. The
initial simulations reported a general surface excess of stiff polymers with a range that only
extended about one monomer diameter into the melt regardless of the polymerization. Our
more accurate simulations, on the other hand, find an integrated excess of flexible polymers
with a range that tracks the average size of the polymers.

Given this revelation, the literature now becomes consistent with a general entropic
surface preference for polymers of short statistical segment length. This suggests that packing

™1 can, in fact,

effects are not critically important and that the previous experimental results
be attributed to entropic segregation. Although the bulk of the literature is now consistent,
it is markedly inconsistent with the wall-PRISM calculations of Kumar et al.'®'7 and the
fluctuation corrections to SCFT by Stepanow and Fedorentko.'®

It is particularly significant that the tail of the excess conforms to the profile in eq (8)
predicted by Wu et al.' for small degrees of conformational asymmetry. The fact that the
profile shape, F,(Z), was predicted for continuous Gaussian chains and that it quantitatively
agreed with our off-lattice simulations as well as our previous lattice simulations?” implies

that it is a universal result that applies to all models as well as all experiments. The next

challenge will be to understand what properties control the amplitude, A,, of the profile.
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Supporting Information

1'17

Direct comparisons to previous simulations by Kumar et a and issues with related dis-

cussion by Donley et al.3! The data supporting the findings of this study and the computer

code are available from the authors upon reasonable request.
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