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ABSTRACT 

This thesis project is related to the fracture toughness aspects of the mechanical 

behavior of the selected Mn-modified cubic L l 2 titanium trialuminides. 

Fracture toughness was evaluated using two specimen types: Single- Edge­

Precracked- Beam (SEPB) and Chevron- Notched- Beam (CNB). The material tested 

was in cast, homogenized and HIP-ed condition. In the preliminary stage of the 

project due to lack of the ASTM Standard for fracture toughness testing of the 

chevron- notched specimens in bending the analyses of the CNB configuration were 

done to establish the optimal chevron notch dimensions. 

Two types of alloys were investigated: a) boron-free and boron doped low-Mn 

(9at.% Mn), as well as (b) boron-free and boron-doped high-Mn (14at.% Mn). 

Toughness was investigated in the temperature range from room temperature to 

1 000°c and was calculated from the maximum load. It has been found that 

toughness of coarse-grained "base" 9Mn-25Ti alloy exhibits a broad peak at the 

200- 500°C temperature range and then decreases with increasing temperature, 

reaching its room temperature value at 1000°C. However, the work of fracture (ywoF) 

and the stress intensity factor calculated from it (K,woF) increases continuously with 

increasing temperature. Also the fracture mode dependence on temperature has 

been established. 

To understand the effect of environment on the fracture toughness of coarse­

grained "base", boron-free 9Mn-25Ti alloy, the tests were carried out in vacuum 

(~ 1 .3xl 0-5 Pa), argon, oxygen, water and liquid nitrogen. It has been shown that 

fracture toughness at ambient temperature is not affected by the environments 
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containing moisture (water vapor). It seems that at ambient temperatures these 

materials are completely immune to the water- vapor hydrogen embrittlement and 

their cause of brittleness is other than environment. 

To explore the influence of the grain size on fracture toughness the fracture 

toughness tests were also performed on the dynamically recrystallized "base", 

boron-free 9Mn-25Ti material with the average grain size of 45 µm. Further 

refinement of the grain size was obtained by ball-milling of powders in order to 

obtain a nanostructure material. These were subsequently consolidated by hot 

pressing with the objective of retaining the nanostructure to the largest extent 

possible. The estimated grain size of the powder compact was ~50- 200 nm. The 

indentation microcracking fracture toughness measurements were performed on 

the powder compacts. ft has been found that fracture toughness is independent of 

the grain size in the range ~ 1 300- 45 µm and that for the finest grains (~50- 200 

nm) it drops substantially and is equal to half of that for coarse- grained material. 

A beneficial effect of boron doping, high-(Mn+ Ti) concentration and combination 

of both, on the fracture toughness was observed at room and elevated 

temperatures. The addition of boron to a "base" 9at.% Mn- 25at.% Ti trialuminide 

improves the room temperature fracture toughness by 25- 50%. Addition of boron 

to a high (Mn+ Ti) trialuminide improves the room temperature fracture toughness 

by 10096 with respect to a "base" 9Mn- 25Ti alloy. Depending on the Mn+ Ti 

concentrations and the level of boron doping, improvements of fracture toughness 

at 200- 600°C and 800- 1 000°C ranges are also observed. 
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l INTRODUCTION 

The expanding interest in intermetallic compounds is driven by the quest to achieve 

higher operating temperatures and to reduce the weight of systems that will yield 

higher energy efficiency. The aerospace industry is therefore looking forward to the 

development of materials which would be lighter, stronger and having a higher 

temperature potential, compared to the presently available alloys. Among the 

various potential high temperature materials, intermetallic- based alloys are prime 

candidates for "alternative" materials. However, the lack of both ductility and 

toughness is often the "Achilles' heer- in intermetallics. 

The focus of much of the recent work has been on improving the ambient 

temperature ductility of a few selected compounds. That is, to make them behave 

more like "real metals". Until quite recently no concerted effort had been made to 

understand the significance of real requirements for ambient temperature ductility 

of a material that will actually be used at elevated temperature where it is relatively 

ductile, but which exhibits very limited "forgiveness" at ambient temperature. 

There also is concern that alloying to improve ductility may alter the fundamental 

characteristics of intermetallics to such an extent that their other attractive 

properties, such as density, modulus and elevated strength, may be seriously 

compromised. Thus, it is important to seek design solutions to ameliorate the 

effects of brittleness in addition to the ongoing modifications of the materials to 

make them less brittle. Therefore, it becomes essential to establish the minimum 

acceptable values of these other affected properties to be sure that a net gain is 

being realized. lntermetallics represent a new class of materials and will function in 
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a new domain of strength and ductility if they are implemented. Until very recently 

there has been only a limited amount of effort expended in understanding the 

design implications of this new domain. 

For example, both monolithic and composite titanium aluminides have significant 

potential for application in the Integrated High Performance Turbine Engine 

Technology Initiative. The IHPTET goal is to double turbine propulsion capability by 

the turn of the century. The approach to achieve this goal focuses on three key 

areas: aerothermodynamics (more efficient combustion and hotter flow path), 

structures (radical new designs), and high-temperature, light weight materials. In 

the overall scheme, the role of advanced materials is crucial, for improvements in 

both aerodynamics and structural design are dependent on the continued 

development and implementation of advanced materials. Of the numerous material 

classes being contemplated for structures, titanium aluminides are of primary 

importance in the 600°C to 1000°C temperature range. 

Hypersonic vehicles (designed to achieve velocities greater than Mach 5) represent 

another key requirement for advanced monolithic and composite titanium 

aluminide materials. Although hypersonic vehicles have been the subject of 

research for a number of years, recent investments by the United States in the 

National Aerospace Plane (NASP) program have catapulted investigations in 

hypersonic flight into the forefront of current aerospace research. The goal of the 

NASP program is to develop and demonstrate the technology necessary to build an 

experimental hypersonic vehicle capable of taking off from a runway and achieving 

earth orbit with a single stage, air-breathing propulsion system. This goal requires 

the development of high-temperature, lightweight honeycomb or truss core 

airframe panel structure. Titanium aluminides in thin-sheet form, both monolithic 
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and composite, are the prime candidate materials for large structural areas of the 

vehicle. 

Figure 1.1 AeroMat's (Aerospace Materials) raison d'etre was dramatized by this 
illustration, titled "Advanced Materials: Enabling Technology for 
Generations of Aerospace Vehicles" which was provided by NASA 
Langley Research Center at ASM lnternational 1s 8th Advanced 

Aerospace Materials & Processes Conference & Exposition in 1997. 

There is a general need to achieve high material performance standards while 

insuring relia.bility of the structure throughout the design life. Generally, monolithic 

and composite titanium aluminide materials are intended for applications requiring 

good high temperature strength and creep resistance, while maintaining "adequate" 

ductility, fracture toughness, fatigue behavior, and impact crack resistance at RT 

and. for hydrogen fueled hypersonic vehicles, cryogenic temperatures. Moreover, 

the materials must be microstructurally stable over the design life of the structure, 
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and effects of a service environment (e.g., air, combustion gases, hydrogen) must 

not seriously degrade the material over its intended life. 

The key to achieving successful design in these materials appears to lie in 

toughness, rather than in ductility [1 ]. Roughly, the distinction is that ductility is the 

ability to resist formation of a crack while toughness is the ability to resist 

propagation of a (pre- existing) crack. A material with adequate toughness should 

be able to survive the presence of a crack even if its ductility is inadequate to 

prevent the formation of one. 
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2 LITERATURE REVIEW ON CUBIC TITANIUM 

TRIALUMINIDES 

2.1 General Properties of Titanium Trialuminides 

The need for a lightweight, oxidation- resistant high temperature material has 

led to extensive investigation of aluminum-rich intermetallics of the type Al3X 

(referred to as trialuminides), where X is usually Ti, Zr, Hf, V, Nb, or Ta. These 

compounds crystallize with the tetragonal D022 (or D023) structure, and in attempt 

to enhance their low- temperature ductility, theoretical and experimental efforts 

have been expended to transform the D022 structure to the related, more 

symmetric, cubic L l 2 structure. 

a---.:=-----,.T 

0022 
(b) 

I 
I 
C 

l 
0023 
(c) 

Figure 2.1 Structures of the types (a) L l 2, (b) D022, and (c) D023 [2]. 
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The DO22 structure is derived from the L12 structure by introducing an antiphase 

boundary (APB) with a displacement vector of a a/2<1 l 0> on every (001) plane 

(Fig.2.1 b). Ah Ti crystallizes into this L 12-derivative, long-period superlattice 

structure. The DO23 structure is formed by introducing the APB on every second 

(001) plane (Fig.2.1 c). AbZr and Al3Hf (at low temperatures), which are akin to Af3Ti, 

possess this structure. In Ah Ti the conversion from the DO22 structure to the L l 2 

can be done if an appropriate number of d electrons are removed from the Ti sites. 

The removal of d electrons from the Ti sites can be accomplished by decreasing the 

charge transfer from Al to Ti, that is, by replacing an appropriate amount of Al with 

other less electro-positive elements which act as electron acceptors and thereby 

suppress the charge transfer from aluminum to titanium. This suggests that the 

crystal structure of A'3Ti can be changed to the L12 structure by alloying with 

elements such as late period transition metals. Of the various L l 2 ternary 

trialuminides, the Al- X- Ti ()(=Cu, Ni, Fe, Cr, Mn) have received the most attention, 

although the Al-Cu-Zr, Al-Fe-Zr, and Al-Mn-Zr systems have also been examined 

[3]. 

There have been numerous studies on these L12 trialuminides over the past few 

years, which have been summarized in several overviews [4,5,6, 7]. However, there 

are still numerous disagreements and inconsistencies in the published literature 

regarding mechanical properties and even dislocation-dissociation schemes for a 

particular compound. These differences stem from a variety of sources, including 

inadequate knowledge of the size and shape of the Lli phase field, its variation 

with temperature and the sluggish kinetics of phase decomposition in these 

systems. Frequently, "nominally" single- phase materials as observed by optical 

microscopy contain second phases that are resolvable only at the TEM level. 
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Likewise, the role of stoichiometry within the single- phase field in influencing the 

mechanical properties and dislocation schemes is not well understood. 

Two research groups independently reported the occurrence of ternary Al-rich Lh 

compounds in the Al- Cr- Ti and Al- Mn- Ti systems (8,9, 1 OJ. These compounds, 

Al55Cr9 Ti2s and Al51Mns Ti2s (at.%), were shown to exhibit improved compressive 

ductility relative to Al55Feg Ti2s and even some bend ductility at room temperature. 

The variation in compressive yield strength with temperature for these compounds 

in the polycrystalline form, with various stoichiometries has been reported in 

several reports (8,9, 11 ]. Compressive- creep studies have also been conducted on 

these materials (12, 1 3] in the 1000 K- 1 200 K range and the response has been 

shown to be strongly grain- size dependent. 

Bend test on AIGsCrg Ti2s and Al51Mns Ti2s as a function of temperature revealed finite 

plastic strain in the Mn- based material at 298 K but not in the Cr- based 

counterpart up to 623 K [11] in contradiction to reports of ambient bend ductility in 

Als5CrgTi2s [8, 1 3]. 

Uniaxial tension tests on button head specimens of forged AJ57Crs Ti25 and 

Als5MngTiis have been performed in air in the 298 K- 1073 K temperature range 

[14, 1 5]. Isothermal oxidation- resistance of three of these L 12 compounds 

(Af51Crs Ti2s, Al51Ags Ti2s, and Al55Mng Ti2s) was compared against binary A'3 Ti and 

TiAI [16], and at 1 273 K, all of the trialuminides were superior to TiAI. The 

compound Al61CrsTi2s appeared to be the only one that formed Al2O3 and no TiO2 

and was better than Al66MngTi2s, although at a lower temperature of 1073 K, they 

exhibited comparable resistance. Cyclic oxidation- resistance (1473 K/air/200 

cycles, 1 h each) of the Cr- containing L 12 compound was shown to be superior to 
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the Mn- based counterpart [17] although in a later study [181 it was shown that at 

lower temperatures, the two compounds exhibited comparable resistance. 

In general, there are many possible causes of low ductility of ordered intermetallics. 

These include large Burgers vector of dislocations due to the ordered superlattice 

structure of the intermetallic alloys, insufficient number of deformation modes, 

planar slip and strain localization, lack of effective dislocation sources, difficulty of 

dislocation multiplication, poor cleavage strength and low surface energy, and grain 

boundary weakness. It is clear that some of the ordered intermetallics are brittle for 

more than one reason. 

While there are many examples of intermetallic compounds which are brittle 

because of one or a combination of factors mentioned above (e.g. NiAl because it 

lacks five independent slip systems) there are others which should- by criteria used 

to judge metals and disordered alloys- be ductile, but are not. For example, the L1 2 

trialuminides appear to have many of the requirements for good ductility: they slip 

on {111}<110>, i.e. they have five independent slip systems, they are not 

particularly strong or hard at room temperature indicating that dislocation 

generation and movement are not difficult in these materials; and, because they do 

not in general fracture intergranularly, they appear not to have weak grain 

boundaries. Yet they are without exception quite brittle. Microstructural and 

mechanistic understanding of this "soft and brittle" behavior of Ll 2 trialuminides 

(A'3Sc as well as A'3 Ti- base alloys) is at present elusive. 

Table 2.1 shows the measured and calculated elastic moduli of some L12 

trialuminides. It can be seen that the trialuminides all have unusually low values of 

Poisson's ratio, v, which for most metals ranges between 0.25 and 0.35. 
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Table 2.1 Measured (room temperature) and calculated (0 K) elastic moduli and 

density of trialuminides. E (Young's modulus), G (Shear modulus), K 
(Bulk modulus), and v is Poisson's ratio. 

Alloy E [GPa) G [GPa] K [GPa) V p [g/crn3] Ref. 

(at.%) 

Al61Nis TI2s 200 82 116 0.22 - l 91> 

Al61Nis Ths - - - - 3.8 202) 

Al61MnsTi2s 174 79 74 0.11 - 81> 

Al61Fea Tfas 192 84 89 0.14 - 21 H 

A'3Ti(Ll 2) 175 71 118 0.20 - 222) 

A'3Ti(DO22) - - - - 3.3 202) 

Al51FeaZr2s 166 68 103 0.22 - 21n 

Al62Cu 13 TI2s - - - - 4.0 202> 

Al55Zn9 TI2s - - - - 3.9 202> 

A'3Sc 166 68 99 0.22 - 23t> 

AhSc 164 68 92 0.20 - 2311 

A'3Sc - - - - 3.0 2021 

n Measured; 2> Calculated. 

2.2 Microstructure/ (Tensile-Compressive) Relationships in 

Cubic Titanium Trialuminides 

The mechanical properties of L l 2 trialuminides have most commonly been 

characterized by compression or hardness tests. These tests, while they provide 

valuable information on deformation behavior, are not as useful in characterizing 

fracture behavior. To date, the only uniaxial tensile tests have been done by Kumar 

and Brown (14, 1 5 ,24] on the Mn- and Cr- modified compounds. 

Compression tests performed on the medium size- grained Als1Crs Ti2s and 

Als5MngTi2s alloys (11] (grain size ~50 µm) showed that the yield strength exhibited 
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a plateau between 600 K and 1 000 K. The material was obtained by isothermal 

forging of the cast ingots. The microstructure was essentially a single L l 2 phase 

with small amount of a second phase (unidentified) having a whisker (fibrous) 

morphology. The strength at any given temperature compared well with the results 

of Zhang et al. [25] on Al51Crs Ti2s and AIG1Mns Ti2s alloys obtained by casting, 

homogenizing and HIP-ing. In contrast, the higher strength and a prominent peak 

in strength at 900 K was reported by Mabuchi [9] on Al51Crs Ti2s obtained by powder 

processing. 

At room temperature, most L l 2 trialuminides apparently show ductile behavior in 

compression, usually with a macroscopic fracture strain of more than 10%. This 

apparent ductility has been recognized to be accompanied by profuse 

microcracking [19,26,27]. The precise strains at which these cracks first start to 

form during testing at room temperature are not known, but extensive internal and 

external cracking is observed at compressive strains as low as 2% [19]. Microcracks 

are also observed after low strains, on the order of 0.2% with pores as preferential 

sites for nucleation [28]. It is not known yet what fraction of the measured 

compressive ductility is due to microcracking and what fraction is due to 

dislocation activity. The development of microcracking at high temperatures is 

considerably less pronounced than that at RT. At high temperatures, the 

microcracks start forming at much higher compressive strains (several percent), the 

longest cracks observed after several percent of deformation at high temperature 

are much shorter than their counterparts developed at RT at much lower strains and 

the number of microcracks formed at high temperatures at corresponding strains is 

considerably smaller than the number of microcracks formed at RT at much lower 

strains. Also, there is a reduction in the frequency of secondary crack formation 



(branching) at compressive failure strains with increasing test temperature and at 

900°C, failure occurs by the propagation of one primary crack parallel to the 

compression axis [28}. 

Very often, the total crack length around a Vickers indent or the maximum crack­

free load is used as a measure of relative ductility and/or the relative cracking 

resistance [29, 30, 31, 32}. The Vickers hardness of these materials decreases with 

load [33] down to a plateau value [34]. 

Winnicka and Varin [32] investigated the influence of boron on cracking 

characteristics of Cu- modified Al3Ti compound. They found that boron- doped 

alloy exhibited many, relatively short cracks propagating from the indentation, as 

opposed to pure Cu- modified alloy which showed few but very long cracks 

originating from the indentation. The sensitivity of boron- doped compound to 

cracking at low indentation loads was much higher than that of its boron- free 

counterpart. At high indentation loads the opposite was true. The fracture modes of 

both boron- free and boron- doped alloys at room and slightly elevated 

temperatures were transgranular cleavage (TGC). However, the fracture surfaces of 

boron-doped samples appeared entirely different than the fracture surfaces of 

boron-free specimens. The fracture features occurred on a much finer scale than 

for the cleavage fracture in boron-free alloy. The cracks were formed by fracture of 

brittle boride particles. It was also observed in favor of this fracture mechanism that 

a large number of fine cracks was formed around the Vickers hardness indentation. 

It is intriguing how boron affects the fracture toughness of cubic (L 12) titanium 

trialuminides especially at high temperatures where the major mode of fracture is 

intergranular failure (IGF). In Ni3AI which has the same L l 2 crystallographic 

structure as cubic titanium trialuminides boron doping improves fracture toughness 
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by alleviating intergranular fracture [3 S]. Cubic titanium trialuminides fracture at 

room temperature by transgranular cleavage [15, 1 9]. Therefore, the effect of boron 

at ambient temperature does not seem to be as direct as in L l 2 Ni3AI. Nevertheless, 

taking into account rather distinct fracture behavior of Cu-stabilized titanium 

trialuminide [32] it is important to explore this avenue in the hope of improving 

fracture toughness. However, the fracture mode in titanium trialuminide changes to 

intergranular fracture (IGF) at high temperatures [15]. Therefore if boron segregates 

to grain boundaries it might have a beneficial effect at elevated temperatures by 

suppressing IGF. Therefore, tests were performed in the present study on boron­

doped low- and high- Mn alloys in the temperature range from RT to 1 000°C. 

The influence of Mn and Ti content on the bending properties of Mn- modified L l 2 

compound was investigated by Mabuchi et al. [36]. They observed an increase of 

the fracture strain from ~0.05% to 0.4% by increasing Mn content from 9% to 14% 

(keeping Ti content constant, 25%). The fracture stress was very similar in both 

cases. On changing Ti content from 25% to 29% (keeping Mn at constant level, 14%) 

they obtained a substantial increase in fracture stress from ~3 70 MPa to ~640 MPa 

and the fracture strain remained at the high (0.4%) level. Such a combination of 

fracture stress and strain is a highly desired material property from the point of 

view of fracture toughness. These results [36] encouraged the author of the present 

work to concentrate on the fracture toughness testing of the alloys with a high (Mn 

+ Ti) concentration. As mentioned above, with the hope of obtaining even higher 

toughness especially at higher temperatures, the alloys with a high (Mn + Ti) 

concentration were also boron doped to the levels of 0.24% B and 0.65% B. 

Kumar and Brown [14, 15,241 were able to measure a finite (0.2%) amount of plastic 

tensile deformation at ambient temperatures and 1.3% at 623 K on the Mn-
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modified AhTi. A ductility minimum was reached for both materials at 773 K, 

followed by a tensile elongation increase to 5% for the Mn- modification and l 9% 

for the Cr- modification at 1 073 K. One explanation proposed for the ductility drop 

was based on the decrease in mobility of the matrix dislocations caused by 

dislocation tangling and pile- ups at the grain boundary. This decrease in mobility 

provides an opportunity for solute atmospheres to diffuse to the dislocations and 

pin them. Other factors that could cause a decrease in intermediate temperature 

ductility, a characteristic seen in Lli Ni3AI and Co3Ti [37,381, was attributed to 

dynamic oxygen embrittlement [391, where atomic bonds weakened by oxygen 

chemisorption, together with stress concentration at grain boundaries, cause grain­

boundary microcracking. The overall decrease in ductility was attributed to 

continuous embrittlement of fresh crack tips and propagation of the crack along 

the boundary. Fracture mode changes from transgranular cleavage at ambient 

temperatures to a mixed cleavage plus intergranular failure at 623 K and to a 

predominantly intergranular mode at 923 K and higher. Small amounts of 

intergranular fracture were observed at temperature as low as 473 K. At this 

temperature fracture was predominantly transgranular cleavage, but the 

intergranular failure was typically observed at the periphery of the fracture surface, 

lending some credibility to the environmental embrittlement theory. It is possible 

that kinetics of chemisorption is maximum around 773 K, leading to ductility 

minimum. However, the temperature corresponding to the tensile ductility 

minimum is not in agreement with the temperature for the onset of intergranular 

fracture. The recovery in ductility at higher temperatures was attributed to a 

combination of possible dynamic recrystallization and enhancement of slip transfer 

across grain boundaries. 
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The existence of a yield stress anomaly, i.e. an increase of yield stress with 

temperature, does not seem to correlate with alloying additions to Al3 Ti. A relatively 

well- defined anomalous behavior for the Fe- modified Al3 Ti was observed by 

Kumar and Pickens (40], but very small one by Wu et al. (41 ]. Likewise, anomalous 

behavior was found in compression for the Mn- and Cr- modified Ah Ti (9,25] but in 

other studies was not observed (42]. 

In bending tests on the Cr- and Mn- modified compounds a very small but definite 

plastic strain has been observed (13,29]. While a large number of branched 

microcracks are accumulated in specimens tested in compression, specimens 

tested in bending contain almost no microcracks (27,43]. This is because once a 

crack is formed in the tensile side of a bending tests specimen, it propagates 

catastrophically through the specimen. 

The models of strain- induced nucleation of microcracks by dislocation pile- ups 

(44,45) were applied for trialuminides and it was calculated [46], that at the stress 

approaching 0.2% offset stress, only 200 to 400 dislocations are required in a pile­

up to nucleate microcracks with the length 10 to 45 µm in the L12 Ti- trialuminides. 

These calculated crack lengths are within the size range of microcracks observed 

experimentally in the L12 Ti- trialuminides after about 0.2- 0.4% deformation in 

compression [28]. 

2.3 Fracture Toughness of Cubic Titanium Trialuminides 

Toughness requirements are dependent on working stress levels, and static and 

impact analysis suggest that the fracture toughness (in MPa✓m) should be about 

one-third the numerical value of the working stress (in MPa) [1 ]. As mentioned by 
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Ashby [47], a value of K,c-=::20 MPa✓m is often quoted as a minimum for conventional 

design. Also, Jackson et al. [48] stated that a working hypothesis has been offered 

that once a material exceeds a threshold of ==20 MPa✓m, toughness in the make­

and-assemble stages is not a major issue. This threshold may eventually be relaxed 

as further experience is gained. Therefore, an important goal is optimising the 

structure of many intermetallic alloys to obtain the value of K,c at least about 20 

MPa✓m, if not better. 

Fracture toughness tests reported are only those of Brown and Kumar [49] on the 

Cr- and Mn- modified Ti trialuminides as a function of temperature in the range 

from RT to 1000 K. Three point bend single- edge- notched- beam specimens with 

a notch tip radius of ~50 µm were tested with a crosshead speed of 2.1 xl 0-3 mm/s. 

Fracture toughness increased monotonically from ~3.5 MPa✓m at RT to ~ 11 MPa✓m 

and 1 3 MPa✓m at 1 000 K for the Mn- and Cr- modified materials, respectively, and 

a ductility minimum in uniaxial tension at ~773 K [14, 1 5] was not evident in the 

toughness- temperature profile. 

Tests done on notched bend specimens at 973 K using cross head speed 4xl 03 

times faster than the toughness tests, still produced fully intergranular failure when 

tested in air as well as in vacuum (1.3xl 0-3 Pa), i.e. fracture mode at 973 K 

remained intergranular independent of strain rate and environment. However, there 

are no numerical values of toughness for these materials tested in vacuum in the 

study reported in Ref. [49] or in any other environment at all. It is intriguing what is 

the toughness vs. temperature profile in different environments, especially in 

correlation with tensile behavior of these materials with temperature described 

above. As mentioned earlier, Kumar and Brown [49] conducted their toughness 
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tests to 1000 K. In the present work the testing temperatures are extended to 

1273K. 

Though very sparse, the most comprehensive experimental data on fracture 

toughness of single phase and multiphase ordered intermetallics have been 

summarized by Vehoff [SO]. Unfortunately, this overview does not contain the 

group of alloys which are of interest in this work. 

2.4 Intrinsic and Extrinsic Factors in the Fracture of lntermetallics 

and their Applicability to Cubic Titanium Trialuminides 

2 .4.1 Extrinsic Factors- Environmental Effects 

Considering first extrinsic factors, the presence of impurities has been ruled 

out as a major contributor to the brittle fracture of trialuminides on the basis of 

Auger analyses of fracture surfaces [21]. 

There are two types of environmental degradation observed in intermetallics. One is 

hydrogen- induced embrittlement occurring at ambient temperature. The other is 

oxygen- induced embrittlement in air at elevated temperature. In both cases, the 

embrittlement is due to a dynamic effect involving generation and penetration of an 

embrittling agent (i.e., hydrogen or oxygen) during testing. 

In the last several years it has been found that some ordered cubic (or near- cubic) 

intermetallics are prone to a very peculiar type of embrittlement caused by 

moisture- containing environments such as, for example, air. As reported in the 

literature, the moisture- induced embrittlement can result in both intergranular 

failure and transgranular cleavage. For example, under tensile or bending loading 

conditions a polycrystalline, ordered (L 12) NhAI fails by intergranular fracture [S 1] 

but a polycrystalline, ordered (B2), Al- lean FeAI compound fails by transgranular 
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cleavage [52]. The embrittlement mechanism is thought to involve reaction of 

reactive metallic M, with water vapor in air, resulting in the generation of atomic 

hydrogen [52,53]: 

M + H20 ➔ M - 0 + H 

Atomic hydrogen penetrates into crack tips causing embrittlement and premature 

failure. However, the details of this water vapor- hydrogen embrittlement are still 

not completely understood. 

rn terms of hydrogen-induced environmental degradation, ordered intermetallics 

can be grouped into two categories: (a) alloys containing no reactive elements, and 

(b) alloys containing reactive elements (e.g., Al or Si). For the first category, the 

alloys are severely embrittled only when being charged with hydrogen, such as by 

cathodical charging. For the second category, the alloys themselves are capable of 

generating hydrogen from hydrogen-containing environments at ambient 

temperature. The most striking is severe embrittlement of iron aluminides in moist 

air at room temperature. 

Some authors reported that compression tested specimens of most cubic titanium 

trialuminides contain numerous internal cracks, which are not in contact with the 

external environment (19] and this can lead to the assumption that environmental 

embrittlement is not a major factor controlling fracture behavior. However, the 

surface cracks can be in contact with the environment and hence, this assumption 

might not be quite correct. Additionally, there was no discernible change in the 

fracture mode (namely, cleavage) after in-situ fracture in the ultrahigh vacuum of 

the Auger microprobe (<2xl 0-8 Pa) (21 ]. It should be recognized however that a 

range of ductilities is possible for a given fracture mode. 
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An interesting case of the influence of the environment such as hydrogen on the 

slip properties has also been presented [54]. When the material is exposed to 

hydrogen at a fugacity fo and mechanically loaded at the same time, hydrogen may 

facilitate its entry into the material by riding with the dislocations emitted from a 

surface crack. If n hydrogen atoms per unit length of dislocation can lower their 

fugacities from fa to some value f by residing in the emitted dislocations, the 

energy barrier for the emission process is lowered by nKln(fo/f) per unit length of 

dislocation. A larger effect is expected in the case of high fugacity hydrogen such 

as atomic hydrogen absorbed from moisture in air at the crack tip. However, the 

effect of hydrogen on fracture behavior of some intermetallic alloys (especially Long 

Range Ordered) is just opposite. It does not enhance the crack tip plasticity by 

making the dislocations more mobile. Instead, it weakens the atomic bonds in 

already highly stressed crack tip region, thereby lowering the fracture toughness. 

Usually the effect of hydrogen on the fracture behavior of some intermetallic 

compounds is such that it degrades the fracture toughness through weakening the 

cohesive strength of grain boundaries. In effect, it changes the ductile, 

transgranular fracture mode to brittle intergranufar mode. 

As mentioned earlier, cubic titanium trialuminides have low yield strength and 

hardness. They are still brittle in tension although they show quite a substantial 

apparent ductility in compression. This soft- brittle behavior is the most peculiar 

phenomenon which makes the cubic titanium trialuminides extremely interesting 

from the scientific point of view. The exact causes of such a behavior are not well 

understood. However, by analogy to what is said above, it could also be possible 

that the environment (e.g. water vapor) might somehow be responsible, if only 

partially, for the embrittlement of the ternary cubic (L l 2) titanium trialuminides. 
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Tensile tests on the Cr- modified A'3 Ti showed possible influence of environment 

on ductility [14]. Specimens protected by an Au film and tested at 773 K exhibited 

> 1 % ductility although the fracture mode at this temperature remained 

predominantly transgranular cleavage. In the specimens without the protective film, 

ductility was not measurable at 773 K. However, the enhancement in ductility 

afforded by a protective film may also arise from a source that is not environment 

related. It was shown that such a film provides an interface that acts as a 

dislocation source (55], thereby enabling slip and enhanced plastic deformation. 

Such a mechanism cannot be ruled out in interpreting the results without tests in 

vacuum or an inert environment. 

Bending tests of Kumar and Brown [56] on Cr- modified A'3Ti conducted in both air 

and diffusion- pump oil at 473K revealed the likely absence of environmental 

embrittlement. In both cases the specimens fractured at identical strains. Morris et 

al. (57], on the other hand, suggested that environment was responsible for 

intergranular fracture extending some distance into the tensile edge of the bend 

specimens. Coatings used in their studies have not been able to inhibit such an 

environmental effect. It was concluded that perhaps environment plays its role 

already during sample polishing. 

To understand the effect of environment on the fracture toughness of these 

intermetallics, a testing of the L l 2 Mn- modified A'3 Ti in bending has been carried 

out in the present work in air, vacuum, argon, water and liquid nitrogen. 

2.4.2 Intrinsic Factors- Crack Tip Plasticity and Low Cleavage Strength 

Intrinsic factors which can cause brittle transgranular cleavage fracture in metals 

include [7]: 
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1. Insufficient number of "slip systems". 

2. High yield strength. 

3. High strain rate sensitivity. 

4. Inhibited dislocation emission from crack tips. 

5. Poor cleavage strength. 

The above factors will be now discussed as applied to the brittle behavior of cubic 

titanium trial uminides. 

Recently, a study of the mechanical properties of single crystals of Al3 Ti in the L12 

form (alloyed with Fe and Cr) has been made with the aim to investigate whether 

the brittleness is related to some unusual slip properties. The following are the 

major results [41 ]: 

1. The critical resolved shear stress (CRSS) for (111)[101) slip is low and is only 

mildly temperature dependent over a broad range of temperatures between 

300 and 1 l 00 K, but it increases sharply with decreasing temperature below 

300 K. 

2. The CRSS for (111 )[l 01] slip obeys Schmid's law over the entire temperature 

range. 

3. The CRSS for (111)[101] slip is only mildly strain rate dependent. 

4. There is no shortage of slip systems. Slip occurs on all {111 }<1 01 > systems. 

5. No compressive ductility is possible below 1000 K. 

Based on findings 1-4, AhTi could be expected to be a reasonably tough material, 

but it is seen from result 5 that it is in fact quite brittle. Cubic titanium 

trialuminides do not have an unusually high yield strength (cry for the Mn-modified 

Al3 Ti is ~60 MPa [28]). The strain rate sensitivity at RT in the strain rate regime 1 Q-4 

to l 0-2 s-1 is low for the Ni- modified Al3 Ti [l 9) and modest increase (~ l 7%) in the 
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RT yield strength of the Fe- modified Ah Ti was observed when strain rate increased 

from ~ 10-4 to 1 Q-3 s-1 (27}. Thus dislocations are able to respond to the rapidly 

changing stress fields associated with propagating cracks. Also the bending tests 

on Cr- modified A'3 Ti compound (56] showed that ductility was fairly constant over 

a large range of crosshead speeds (4.2xl 0-5 mm/s to 0.85 mm/s). However, 

increasing the loading rate from 0.85 mm/s to 4.2 mm/s caused the ductility drop 

from 0.5 5% to zero and also very substantial drop of fracture load. One plausible 

explanation of the ductility loss could be a limitation in dislocation velocity which 

could result in incomplete crack- tip shielding. 

In order to understand the intrinsic, atomic level deformation characteristic of Al3 Ti 

in the L 12 phase, dislocation core structures were investigated for a model L l 2 

compound with a high antiphase boundary (APB) energy and performed using the 

Finnis- Sinclair- type many- body potentials (58] and their results suggest that the 

cores of screw dislocations in Al3 Ti in the L12 phase are always sessile, spread onto 

two intersecting {111} planes of the <101 > common direction. This explains the 

strong temperature dependence of the yield stress at low temperatures but 

suggests that at temperatures higher than 300 K, the material should be ductile, 

because thermal activations are sufficient at these temperatures to render the 

dislocations with non- planar cores glissile. Hence, no atomic level structural 

reason for the "quasi- brittleness" has been identified. 

Now, the discussion will be focused on crack tip plasticity, in particular the 

emission from the crack tip and its models relevant to cubic titanium trialuminides. 

There is lack of general understanding in the areas of crack-tip plasticity, fracture 

toughness and notch sensitivity and it was specifically mentioned in the discussion 

of the NATO Advanced Research Workshop on Ordered lntermetallics [59]. 
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TEM studies of Kumar and Brown [15] on thin foils of Al66MngTfas clearly showed 

that dislocations were emitted at the crack tip. However, they found several 

boundaries at 298 K which were able to absorb but unable to emit dislocations 

readily into the adjacent grain, thereby causing a pile- up in the first grain. This led 

to rapid work- hardening and increase in flow stress above that for cleavage, 

leading to low ductility. It was suggested that at higher temperatures (473 and 

623K), even though the material work-hardens rapidly in the initial stages, the 

subsequent rate drops due to easier dislocation transfer through grain boundaries. 

Morris et al. [57] in their studies on thin foils of Als7MnsTi2s observed that stress 

and strain relaxation near tip of a cleavage crack could occur by the emission of 

mobile dislocations in the form of relatively intense slip bands. However, the 

amount of strain relaxation that occurred appeared to be limited by the relatively 

small number of slip bands that were produced. Also, the dislocations present in 

the material before mechanical testing were immobile and unable to assist the 

stress relaxation process. Similar conclusion was reached by Kumar and Brown [56] 

in their studies of effect of prestrain on bend ductility of Al66Crg Ti2s compound. 

They found that prestraining the polycrystalline L12 compound, either at low (298 

K) or elevated temperature (1273 K) was unsuccessful in improving the bend 

ductility; instead the available ductility in the well- annealed material was lost. The 

authors argued that in L l 2 compounds, a prestrain at elevated temperatures may 

incorporate APB- dissociated dislocations on the cubic planes as well as 

dislocations with a<l 00> Burgers vectors that are likely to be immobile at room 

temperature and do not contribute necessarily to enhancing plasticity, but may 

contribute to work hardening. Additionally, the fact that in some L l 2 compounds 

such as Co3 Ti the dislocation dissociation scheme changes not only with 
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temperature but also with applied stress [60] led the authors to the conclusion that 

the dislocations from the prestrain may not be mobile under the influence of the 

applied stress unless they can reverse their dissociation behavior readily. rt is worth 

noting here for comparative purpose that the beneficial effect of prestraining body­

centered cubic metals to increase the mobile dislocation density that can assist in 

blunting crack tips, increase ductility and lower the brittle- to- ductile transition 

temperature is well established [61] (see also the model of Ashby and Embury in the 

following section). 

rt is known that the tendency to SISF dissociation could be favored under conditions 

of low temperature straining or high deformation speed, that is where thermal 

activation is limited [62]. Such high speed deformation conditions apply precisely 

near a propagating crack tip, which could thus perhaps favor such SISF dissociation 

and lead to the creation of poorly mobile dislocations. 

2.4.2.1 Rice- Thomson General Model of Crack Tip Plasticity- Dislocation Emission 

A conventional understanding that a solid will either be ductile or truly brittle 

depending upon the ratio of theoretical shear strength to theoretical tensile 

strength was refined by Rice and Thomson (referred to as the "R-T model") [63]. 

According to them a correct description of this competition should include actual 

dislocation processes at cracks, since the ductile response of the solid must 

produce dislocations in order to yield. The model will be presented because of its 

fundamental concepts and importance in the field. 

The stress is highly localized in the vicinity of the crack tip. By geometrical 

necessity, localized shear on a plane intersecting the crack tip caused by the high 

shear stresses there, matched to a non- sheared region at greater distances on the 
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same plane, where the stress is below the theoretical strength simply defines a 

dislocation. Hence, a blunting reaction at the crack tip requires the production of 

dislocations. 

Crystals for which dislocation emission is spontaneous can be expected to be good 

candidates for essentially plastic opening of the crack. Crystals for which there 

exists a large energy barrier for this emission can be expected to be good 

candidates for brittle cleavage. In order for a dislocation to blunt a crack, it is 

necessary for the Burgers vector to have component normal to the crack plane, and 

for the slip plane to intersect the crack line (or crack front) along its whole length, 

i.e. the line must be contained within the slip plane (Fig.2.2). The most likely plane 

that passes through a crack tip for dislocation emission is one that makes an angle 

of 0:::::70.5° with the crack plane. The shear stress component of are of a mode I 

crack in an elastic soHd is crre=[Ki/✓(1tp)]sin0cos(O.58), thus from 8crre/80=O ⇒ 

0=70.5288° [64]. 

crack plane 

crock line 

Figure 2.2 Crack configuration and geometry of the dislocation [63]. 

The model contains detailed description of force balance. The forces operating 

between a crack and a dislocation in two dimensions are: 

1) the force on a dislocation due to the stress field surrounding the crack, 
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2) the surface tension force caused by creating more surface at the blunted crack, 

3) the image force of the dislocation in the free surface of the crack. 

The first term repels the dislocation, and the latter two attract it toward the crack 

tip, giving rise to the possibility of a position of unstable equilibrium. The critical 

distance, ~c, at which a straight dislocation is in unstable equilibrium under these 

three forces is given by the solution of: 

f. =Gb 1 1-vsm f// _ 2 a +-1- 1 =O 
[ 

• 2 ( )l/2] 

tot 4.m; 1- v m,2 /3' ~2 + a 2 TJ/3 2n-(l - v~ 

J_ = cos lf/ sin </J cos¢>/ 2 
p 

1 . A. 
P' = cos lf/ sin 'Y 

a= e312 <;0 I 2 

; = pf b 

17
2 

= Gb Ir 
c;o is the dislocation core cut off, 

b is the Burgers vector, 

G is the shear modulus, 

p is the distance of the dislocation from the crack front, 

v is the Poisson's ratio, 

y is the true surface energy. 

After some estimations ~c::::0.1 Gb/y . 

(2.1) 

If the equilibrium point, Sc, is larger than the core cut- off, then there is an energy 

hump for the dislocation to jump in order to be emitted from the crack. In this case 

it will be impossible for a uniform straight line to be emitted from the crack. 
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Instead, local fluctuations in the form of an irregular loop will be formed which, 

beyond the saddle point configuration, will expand under the external stress. 

By substitution of the empirical values into Gb/y for many materials and by relating 

the resulting number to the material's behavior, the authors arrived at the 

"semiempirical" condition which states that for Gb/y> 7.5-10, the crack will remain 

sharp and material will fail in the brittle manner and for Gb/y<7.5 ductile fracture 

will occur. The essential weakness in this model is the argument that the 

dislocation is assumed to be suddenly well formed and no allowance is made for its 

gradual build- up [65]. For this reason no reliable estimate of the activation energy 

of the dislocation formation can be made. Schoeck [65] described such a build- up 

of the emerging dislocation and determined more realistically the critical stress 

intensity Ke for which spontaneous dislocation emission occurs at zero temperature 

and the energy barrier per unit length (in 2D) for the emission when K<Ke. The 

shape of the incipient dislocation is described by a single parameter w- the 

dislocation width (Weertman [64] treats the discrete crystal dislocations as a 

smeared continuum of infinitesimal dislocations). 

Apart from a numerical factor of less than unity, the result obtained by Schoeck 

[65] is nearly identical to the corresponding equation of Rice and Thomson model. 

Again, the main difference in the formulation of the problem was that the 

dislocation core cut- off, ro was replaced by the well defined dislocation width. 

An alternative view from that of Rice and Thomson [63] on brittle to ductile 

transition is presented in a model by Ashby and Embury [66]. This model explains 

the beneficial influence of the increased dislocation density in many bee metals on 

fracture toughness. It is assumed in this model that the crack will run without crack 

tip plasticity (by the motion of the pre-existing dislocations) if the stress falls below 
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-rp (the lattice resistance for dislocation motion) in a distance from the crack tip 

which is greater than the dislocation spacing, giving a low energy fracture. If, 

instead, dislocations are always within reach of the crack tip then a higher energy 

fracture will result. Eventually, the model gives the analytical dependence of the 

ductile-to-brittle temperature, Tc, on the dislocation density taking into account 

the effects of crack velocity and work hardening. The result shows that large 

increase in dislocation density produces a gentle decrease in Tc. However, at a very 

large value of dislocation density (roughly l 01s m/m3) the work hardening 

contribution to the local flow stress becomes so great that plasticity and blunting is 

inhibited, and Tc rises steeply. 

2.4.2.2 Dislocation Emission Models Applied to lntermetaflic Compounds 

In addition to predicting the average fracture mode at low temperatures, dislocation 

emission models can be used to make a variety of detailed predictions. These 

include predictions of fracture- mode transition temperatures and predictions of 

the effect of grain orientation on fracture mode. Cleavage fracture in materials 

possessing a high critical resolved shear stress (CRSS) is relatively easy to 

understand: the high resistance to slip inhibits crack tip plasticity, resulting in 

cleavage fracture. However, many intermetallic alloys that fail by cleavage fracture 

posses low to moderate values of CRSS, requiring an alternate explanation for 

cleavage fracture. 

Turner, Powers and Wert [19] first applied the R-T model to cubic titanium 

trialuminides. They showed that the R-T model was consistent with cleavage 

fracture of Al51NisTiis, a trialuminide intermetallic stabilized by Ni. Room­

temperature plastic deformation of Al51NisTi2s in compression was shown to occur 
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by the glide of undissociated a<l l 0>{111} superlattice dislocations [19,67] which 

permitted direct application of the R-T model. Other intermetallic alloys with the 

L l 2 crystal structure were found to deform by the glide of dissociated superlattice 

dislocations, (68-72] complicating application of the original R-T model. 

Subsequent observations have shown that several Lh intermetallic alloys with 

dissociated superfattice dislocations exhibit cleavage fracture [21, 621, contrary to 

the suggestion of Turner et al. [19]. 

Bartholomeusz and Wert (BW model) [73-77] extended the R-T analysis to treat 

emission of dissociated superlattice dislocations from crack tips in L l z and 82 

intermetallic alloys. Therefore, they considered emission of concentric, 

semicircular, superlattice partial dislocation loops, shown schematically in Fig.2.3. 

Figure 2.3 Geometry of a dissociated superlattice dislocation on the slip plane 
[73]. 

In the case of a dissociated superlattice dislocation, the total energy of the 

dislocation as a function of distance ahead of the crack tip is dependent on five 

material and two geometrical parameters. The material parameters are: shear 

modulus, G; Burgers vector, b; true fracture surface energy, y; bulk modulus, K; and 

stacking fault energy, r. Two geometrical parameters are: ct,- the angle between the 
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slip plane and the crack plane, and \Ifs-the superlattice Burgers vector orientation 

relative to the crack. 

If Uaa (activation energy for dislocation emission) is equal to zero, there is no energy 

barrier to superlattice dislocation emission, plastic crack blunting occurs. For a 

given material, it is possible to determine Uaa as a function of ct> and \Ifs, the 

parameters describing the slip system orientation relative to the crack tip. Variation 

of 4> and \Ifs accounts for the variety of grain orientations encountered along a crack 

front. Figs.2.4 and 2.5 represent combinations of 4> and 'Vs corresponding to 
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Figure 2.4 Activation energy for emission of a dissociated superlattice dislocation 

as a function of slip system orientation in several L l 2 intermetallic 

alloys exhibiting APB- type dissociation. a) Cu3Au, b) NhAI, c) Al3Sc, d) 

Al51NisTi2s [73]. 
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Figure 2.5 Activation energy for emission of a dissociated superlattice dislocation 

as a function of slip system orientation in two L l 2 intermetallic alloys 

exhibiting SISF- type dissociation. a) Zr3AI, b) Al55Fe5Ti23Vs [73]. 

spontaneous emission of dissociated superlattice dislocations. The plateau at l eV 

represents the range of slip systems orientations for which spontaneous or 

thermally activated dislocation emission can occur at room temperature (it is 

assumed that at RT, there is enough thermal energy available to the dislocation half 

loop to overcome an energy barrier of l eV). The parameter ;(293) describes the 

fractional angular ranges of <t> and 'Vs corresponding to spontaneous or thermally 

activated emission of dislocations at room temperature for a given material. 

Fractional implies the solid angle of all possible orientations of a superlattice 

dislocation. Angular ranges for <I> and 'Vs are (-180 to + l 80) and (-90 to +90), 

respectively. The gradient of the surface represented by contour lines is related to 

the potential for significant thermal activation effects. Decreasing steepness of the 

sides of the activation energy well indicates a greater sensitivity to thermal 

activation. The model predicts that materials having a value of ~(293) greater than 

0.08 are resistant to cleavage fracture. Reducing the magnitude of the Burgers 

vector renders dislocation emission from a crack tip more energetically favorable. 
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This can be accomplished either by dissociation of superlattice dislocations or by a 

change in slip vector. The emission of APB coupled superlattice partial dislocations 

is more energetically favorable than emission of undissociated superlattice 

dislocations. According to Bartholomeusz and Wert [74] lowering the APB energy is 

a possible means of inducing resistance to cleavage failure in intermetallic alloys at 

ambient temperatures. In contrast to this, lowering the SISF energy does not have a 

significant effect on ;(293) and is not expected to affect the fracture mode. 

Lowering the APB energy for L l 2 and 82 intermetallic alloys can generate sufficient 

spontaneous or thermally activated emission of dissociated superfattice 

dislocations to avoid cleavage fracture at room temperature (direct evidence has 

not yet been reported). The Bartholomeusz and Wert [74] model also predicts that 

crack tip plasticity is more sensitive to variations in the shear modulus than 

equivalent variations in the bulk modulus. Reducing the shear modulus increases 

resistance to cleavage fracture. 

Very recently, Wang [78] proposed a model of dislocation emission using a newly 

introduced solid state physics parameter- the unstable stacking energy, Yus- The 

starting point of the model is that if the critical energy release rate required for 

dislocation nucleation from the crack tip (Gdis1) is lower than the critical crack 

extension force required for cleavage or decohesion of the solid (Gc1eav) then 

dislocation emission occurs first, blunting a crack tip and as a result the solid is 

intrinsically ductile. If, however, Gdis1>Gc1eav then cleavage occurs before dislocation 

emission, and the solid is intrinsically brittle. 

There are two types of dissociation of superdislocations in L l 2 lattice [79,80], that 

is, the antiphase boundary-coupled (APB) a/2<1 l 0>{111} dissociation: 
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a[! 10] ➔ a/2 [110] +APB{!!!)+ a/2 [110] 

and the superlattice intrinsic stacking fault (SISF)- coupled a/ 3 <211 >{111} 

dissociation: 

a [110] ➔ a/3 [211] + S/SF{l 11) + a/3 [121] 

Each of the a/3 <211 > superpartials can dissociate further to three a/6<211 > 

Shockley partials with an APB and a complex stacking fault (CSF). Such a reaction is 

shown below for a a/3[211] superpartial: 

SISF(l l !J + a/3 [211] ➔ S/SF{l /1) + a/6 [112] + APB{l 11) + a/6 [211] + CSF{lll) 

+ a/6 [121] 

The model considers incipient dislocation nucleation in the CSF-coupled scheme 

and assumes that cross slip of the screw segment is not activated so that the 

nucleated partials are glissile. 

The model correctly predicts, for example, that Ni3AI intermetallic alloy is less 

ductile than Ni. It also predicts that Ni3AI single crystals are more ductile than 

bicrystals. However, the model also shows some inconsistency with the prediction 

of the brittle/ductile transition for Ni3AI. It predicts that for the APB-coupled 

a/2<110>{111} slip the ratio Gdis1/Gc1eav> 1 which means that Ni3AI would be 

intrinsically brittle, and which is obviously in contradiction of the observed ductility 

of NhAI (when tested in vacuum). The most frequently observed dislocation 

dissociation mode in Ni3AI is through the APB-coupled superpartials [81-83]. 

According to the model, the CSF-dissociation renders Ni3AI ductile. 

A model of brittle- to- ductile transition temperature (BOTT) was proposed by 

Khantha et al. [84) (so called "KPV model"). In this model the BOTT is not described 

as a thermally activated phenomenon in the usual sense, but rather a thermally 

driven instability that results in a sudden large increase in the dislocation density. 
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The unstable dislocation generation is cooperative, which is totally unlike the case 

in the nucleation- based models, which consider the independent generation of 

single dislocations [84]. The principal feature of the model is a cumulative 

temperature- and stress- dependent dislocation screening effect caused by the 

interactions between many dipole nuclei that coexist at any temperature. The 

screening becomes stronger with increase in temperature and ultimately enables a 

collective dislocation instability to occur above a certain temperature, identified as 

the BDTT. This effect is physically distinct from the usual dislocation shielding of 

the crack tip stress field and does not exist if thermal fluctuations are not taken 

into account explicitly. 

Very recent atomistic simulations on NiAI intermetallic [85] of crack response 

showed that when the emitted dislocations are sessile and stay in the immediate 

vicinity of the crack tip the emitted dislocations can actually lead to brittle failure. 

The observed cleavage is related to the effect of high density of dislocations in the 

tip region. The results were rationalized in terms of adding an effective mode I 

stress intensity by the emitted dislocations which is opposite in sign to that applied 

and therefore the generally accepted shielding character of emitted dislocations. 

2.4.2.3 Low Cleavage Strength 

George et al. (21,86] proposed low cleavage fracture strength as the cause of 

cleavage fracture in Ll 2 trialuminide alloys. Their arguments were based on 

calculations showing that A'3Sc has a significantly lower cohesive strength on {011} 

than NhAI and that {011} is the cleavage plane of A'3Sc. However, George at al. [86] 

pointed out that if low cohesive strength is the cause of brittle fracture, Al3Sc 

should cleave on {111 }, which is calculated to have lower cohesive strength than 
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{011 }. Explanation of the brittleness on the basis of poor cleavage energy and 

strength [21] seems also to be unsatisfactory. On the one hand, comparing the 

surface energy y of brittle Al3Sc with that of ductile NbAI, gives 1.7 vs. 3.0 J/m2 for 

the (100) cleavage plane (87] (or the ideal cleavage strength of 1 9 GPa vs. 30 GPa) 

but on the other hand, y of Al3Sc compared with y of ductile aluminum gives 1. 7 vs. 

1.2 J/m2 • However, what distinguishes the brittle trialuminides from ductile 

aluminum is their significantly higher shear moduli (G) which are two and a half to 

three times that of aluminum. The brittle behavior has also been interpreted in 

terms of the directional bonding within the trialuminide, which leads to low 

cleavage surface energies and low bulk moduli relative to the shear moduli 

[21,87,88,89] (K/G). The bonding hybridization also results in rather high values of 

APB and SISF energies [7]. It was suggested [5] that an important way to improve 

the toughness of the trialuminides, that is to achieve much greater generation of 

dislocation activity around cracks, is to decrease the value of the fault energies 

[73, 7 4, 77], particularly the APB energy, significantly below the values attained to­

date. However, the reported APB energy (yAPB) values are spread in the broad range 

depending on the researcher. Kumar and Hemker [90] determined yAPB=305±35 

mJ/m2 for AlssCrgTi2s at RT whereas Miura and Watanabe [91] reported 175 mJ/m2 

for Als?.sCr7sTiis at RT. The energy yAPB becomes lower at elevated temperatures-

1 50 mJ/m2 at 523 K and 130 mJ/m2 at 773 K [91 ]. At 623 K the Cr- modified 

titanium trialuminide had 0.2% tensile ductility whereas at 773 K it dropped to zero 

[14]. Therefore, it seems that the onset of tensile ductility is not completely reliant 

on the APB energy. Similar conclusion can be reached for Mn- modified alloy for 

which the tensile ductility was reported to increase with temperature not 

monotonically. 
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It appears that none of the normally- used criteria explain why the trialuminides 

cleave so easily. Pope [92] suggests that some other mechanism operates, e.g. the 

crack tip shear mechanism of Joki et al. [93). 

2.5 Grain Size Effect on Ductility and Fracture Toughness of 

lntermetallics 

Armstrong [94] developed a general model relating the critical stress intensity 

factor, Kc, to the grain size of metallic material. The dependence is of the Hall­

Petch type: 

Kc = Cs112 
[ rr O + kd-112

] (2.2) 

where C is a constant of proportionality, s is the plastic zone size, cro is a measure 

of the lattice frictional stress and k is the microstructural stress intensity. 

A reasonable agreement with this dependence was achieved in a number of 

investigations [95,96] on steel materials tested at relatively low temperatures. The 

inverse square root dependence of fracture toughness on grain size was also 

obtained from ductile fracture toughness measurements reported for a 

microalloyed ferritic steel [97]. In this case, the K values were obtained from 

multiplying J1c by the elastic modulus, E. Very interesting consequence of reaching 

the lower limit of grain size (approximately equal to the plastic zone size (s)) is the 

triggering of the reverse (negative) slope of Hall-Petch dependence. According to 

Armstrong (94] in this case the equation 2.2 becomes: 

Kc = c[ a-od112 + k] (2.3) 

Very recently, Mercer and Soboyejo [98] tested gamma titanium aluminides and 

their results also clearly showed that a direct linear relationship exists between 

35 



fracture toughness and d-112, indicating a Hall-Petch behavior. They observed a 

small increase of toughness from 25 to ~32 MPa✓m by refining the grain size from 

88 to 72µm for Ti-48Al- l .Ser {at.%), and from ~6 to ~8 MPa✓m by changing the 

grain size from 88 to 20µm for Ti-48Al-2Mn {at.%). Higher increase of toughness 

was obtained in binary Ti-48AI. Refining the grain size from 33 to 8 µm resulted in 

toughness increase from ~ 12 to ~20 MPa✓m. Comparably high increase in 

toughness was measured in Ti-48Al- l .4Mn. By refining the grain size from 44 to 

l 0µm, toughness increased from 5 to 20 MPa✓m. Similar dependence was also 

obtained for both yield strength and ultimate tensile strength indicating that the 

average grain size is a primary microstructural parameter that controls a range of 

mechanical properties of gamma-based alloys. On the other hand, Gnanamoorthy 

et al. [99] reported lack of toughness dependence on grain size for gamma base 

titanium aluminides. Their 200µm equiaxed grains of Ti-S0AI heat treated material 

gave toughness value of 14. 7 MPa✓m, whereas for 25µm grains the toughness was 

15.3 MPa✓m. 

Chan [1 00] analyzed fracture process using a J-integral approach. He assumed that 

the initial flaw size is related to the grain size {the same as the grain size) and 

varies accordingly as the grain size changes. He also assumed that toughness (the 

critical stress intensity factor at the point of catastrophic failure) is independent of 

grain size. This assumption is difficult to confirm or criticize based on the 

experimental data found in the literature. Further, he assumed that the yield 

properties are independent of the grain size (which is unlikely). The analyses [l 00] 

showed that the fracture strain or ductility increases as the grain size is reduced, 

for a variety of materials with a range of values of fracture toughness. The 

important conclusion is the steady increase in strain to failure as the grain size is 
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reduced, with a dramatic increase once the grain size reaches a value characteristic 

for each material. Morris [10 l] refined the analyses of Chan [l 00] by considering 

the strong yield stress dependence of grain size. He also simplified the analyses to 

materials which are brittle, i.e. where a classical fracture toughness approach can 

be taken as sufficiently close to describe the behavior. An essential point of 

analyses by Morris [l O l] is a comparison of the evolution of the critical crack length 

as the grain size changes, for material of a given fracture toughness level. It was 

shown that for the materials exhibiting fracture toughness of 3 and 5 MPa✓m and 

the Hall-Petch exponent n of 0.5, the brittle to ductile transition takes place for the 

grain size in the range 300-30µm. According to Morris, any subsequent reduction 

of grain size, from the order of 1-1 Oµm to below l 00nm has almost no effect on 

fracture behavior. However, experimental results obtained by Morris and Leboeuf 

[l 02] showed just the opposite to that which was presented in the theoretical 

analysis [l O l ]. The atomised and atomised and milled powders of the composition 

Ti-48Al-2Mn-2Nb (at.%) with carbon additions of 0.06 and 0.6 at.% were 

consolidated by HIP-ing. The TiAI alloys with the grain size in the range from 

l OOµm (for conventional, HIP-ed material) to ~300nm (for powder compacts) 

exhibited the negative Hall-Petch slope for toughness. Fracture toughness 

decreased slightly (12-10 MPa✓m) as the grain size was reduced over the 100-Sµm 

range, and then fell rapidly (l 0-SMPa✓m) for smaller grain sizes. In other study, by 

Hoffman and Birringer [1 03] it was shown that the fracture stress decreased 

substantially upon grain refinement from l 00 to 25nm. In general, the difficulty in 

improving fracture toughness of nanocrystalline materials could possibly be 

attributed to two factors [101 ]: 
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a) The powder processing/ consolidation procedure might not be adequate and 

the harder nanocrystafline materials may be less than perfectly manufactured; 

b) Changing material hardness dominates behavior over changes of material 

toughness and intrinsic structure-property relations prevent any tendency to 

toughening or to ductilization. 

It was also suggested [101] that nanostructured materials will have better 

toughness since they are considered to show high strain rate sensitivity [l 04]. 

However, as was noted by Morris [101] it is not clear, whether such effects, 

measured under fairly slow strain rates, can be extrapolated to consider 

deformation in front of a rapidly propagating sharp crack. 
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3 OBJECTIVES OF RESEARCH 

The complexity of dealing with the brittleness problem of cubic (L l 2) intermetallics 

is paramount. Therefore, a logical approach would be to eliminate the influence of 

some of the factors and concentrate on others that are most probably determining 

the mechanical behavior. 

There is a lack of studies on the effect of environment on the fracture toughness 

and fracture behavior of the ternary cubic titanium trialuminides. Therefore, it is 

considered of importance to conduct fracture toughness tests on these alloys in 

vacuum and other environments. 

Research concentrated on the following aspects: 

1 . Development of a suitable methodology of fracture toughness testing of small 

intermetallic specimens. 

2. Fundamental understanding of the nature of the fracture process and resulting 

fracture toughness of cubic (L 12) titanium trialuminides. In particular, the 

assessment of the following factors on the fracture behavior and toughness of 

cubic titanium trialuminides: 

- The effect of environment (moisture at ambient temperatures and oxygen at 

high temperatures) 

- The effect of grain size (refinement of grain size will be achieved by dynamic 

recrystallization of a coarse-grained cast ingot and controlled ball-milling 

of powders; more details will be given in the following section) 

- The effect of boron addition 

- The effect of higher Mn (14at.%) and Ti (28-31 at.%) concentrations also in 

combination with boron doping. 
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4 EXPERIMENTAL PROCEDURES 

4.1 Alloy Preparation, X-ray and Microstructure Techniques 

All the alloys were prepared from pure elements- aluminum (99.99999%), 

titanium (99.9%), manganese (99.9%), and Al-3.2 wt.% boron master alloy, and one 

alloy was prepared from boron powder (95% purity). The elements were melted in a 

low porosity alumina crucible which was placed inside a boron nitride coated 

graphite crucible. The ingot that was prepared with addition of boron powder was 

prepared according to the following procedure. The raw elements (i.e. Al, Mn, and 

Ti) were placed in the crucible. The amount of boron powder in excess of ~0.1 Sat.% 

above the boron concentration target was added on the top of the raw elements. 

Subsequently the entire crucible was shaken in order for the powder to settle down 

evenly throughout the crucible volume. 

The melting process was identical for boron-free and boron-doped alloys. A high 

frequency induction furnace with high- purity argon atmosphere was used for this 

purpose. According to the supplier specifications, the argon purity was 99.998% 

and it contained less than 20vppm impurities. One cast block of the material 

weighing ~220g, used for cutting specimens was prepared by first melting two 

ingots of~ 11 0g each, that were solidified in the crucible. Subsequently, this 220g 

block was cast by melting the two smaller ingots at a temperature ~50°C above 

melting point (i.e. above 1 340°C), and pouring the molten alloy into a heated 

austenitic (316 grade) stainless steel mold. The temperature of the mold was 

chosen in the way as to obtain compromise between the quality of the external 
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surface (the higher the temperature the larger the air voids) and the propensity of 

the ingot to fracture caused by internal stresses (the lower the temperature the 

higher the stresses). This temperature ranged between 450-600°C. 

The temperature of the melt was measured within accuracy of ±5°C by a W-5%Rh 

and W-25%Rh thermocouple inserted into the crucible just above the melt level. The 

cast ingots were wrapped with stainless pouches (Sen/Pak heat treatment 

containers) and homogenized for 1 00h at 1000°C under a high-purity argon 

atmosphere in a tubular furnace. All the ingots were subsequently HIP-ed at 

1250°C for 2h under l 70 MPa pressure. 

To reveal the grain size in the HIP-ed materials, the following etchant was used: 

1 00 ml H2O + 5 ml HNQ3 + 0.5 ml HF. 

Melting and casting procedure was done according to the following steps: 

1. Evacuating the chamber of the induction furnace to 0.05 atm, 

2. Heating up to ~400°C in vacuum, 

3. Evacuating again to 0.05 atm. or below, 

4. Pressurizing the chamber with high purity argon gas (1. 7xl 0-2 MPa), 

5. Heating the stainless steel mold to ~500°C, 

6. Heating the raw elements up to 50°C above Tm (1390°C), 

7. Holding at 1 390°C for 1 5 min., pouring into a heated mold, 

8. Cooling the furnace chamber. 

Fig.4.1 a shows the ceramic and graphite crucibles used for melting. Figs.4.1 b and 

4.1 c show the graphite and austenitic stainless steel molds used for casting. The 

graphite molds were used at the procedure developmental stage and finally were 

replaced by more suitable austenitic stainless steel molds. One additional 

procedure at the developmental stage included the mechanical vibrating of the melt 
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during its solidification in order to decrease the shrinkage void. lt did not bring the 

expected results. 

Figure 4.1 a) Ceramic and graphite crucibles, b) graphite molds, c) austenitic 

stainless steel molds. 
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Optical microscope equipped with the Nomarski interference contrast was used to 

investigate the microstructure. JEOL JSM-840 scanning electron microscope was 

used to observe fracture surfaces and to determine the composition of alloys. The 

composition was measured by a fully quantitative (elemental standards of purity 

better than 99.9% and the ZAF CZ-atomic number, A-absorption, F-fluorescence} 

correction program) X-ray dispersive spectroscopy (EDS) using QX2000Link system. 

The accelerating voltage of the probe was 20kV. Boron concentrations were 

measured using the neutron activation analysis by the Becquerel Labs Inc. 

(Mississauga, Ont.). X-ray diffraction profiles from the boron-free and boron­

doped 14Mn alloys were recorded on a Siemens D500 diffractometer equipped with 

a nickel filter and a graphite monochromator using Cu-Ka, radiation () .. =0. l 5406 

nm). The operating parameters were 30mA, 50kV, speed 2 deg/min and step size 

0.02 deg. The lattice parameters of 14Mn-type alloys were calculated by plotting 

the lattice parameter, (a) against an extrapolation function ½(cos20/sin0+cos20/0) 

which holds down to low values of 0 (taken in radians) (105]. 

The Atomic Force Microscope (AFM) scan of the crack tip in the 9Mn alloy specimen 

was obtained on the Digital Instruments Nanoscope IIIA MultiMode AFM at the 

University of Toronto. 

4.2 Hot- Work at High Temperatures 

The cast, homogenized and HIP-ed ingots comprised coarse grains. The purpose of 

the hot working was to refine the grain structure through dynamic recrystallization. 

As mentioned earlier, fracture toughness tests were performed on both coarse and 

medium size-grained material (recrystallized) in order to establish the toughness 

dependence on grain size. 
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Figure 4.2 Set-up used for compression of Al3Ti(Mn) alloy at l 000°C, a) overall 

view, b) close-up of the specimen placed between pushing rods. 
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intermetallic inSert 
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Figure 4.3 a) Details of the design, b) real appearance. 
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Figure 4.4 Al3 Ti(Mn) material deformed in compression at 1 000°C (top picture); a) 

the initial block of material, b) the block deformed to ~50%, c) the block 

deformed to ~75%. Bottom picture 1-lnconel insert; 2-the specimen 

pushed- in into the insert; 4,5- the same as 1 and 2; 3,6, 7- specimen 

deformed different amounts. 

Two blocks of initial size of ~ l 2xl 2x25 mm were cut on Electro- Discharge 

Machine (EDM) from two different ingots. The blocks were deformed on Tatnal 

hydraulic press of load capacity 60000 lbs at 1000°C for several hours giving the 

deformation rate of~ l 0-4 s-1. Fig.4.2 and Fig.4.3 show set-up for compression and 

pushers, respectively. The bottom picture of Fig.4.4 shows, unintentionally, the 

superiority of the light intermetallic to lnconel alloy in the resistance to high 

temperature deformation. The lnconel inserts are heavily deformed (indented). 
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These inserts were used in the early development stage of the compression set-up. 

In the subsequent stages they were replaced by NiJAl+Hf inserts which were cast in 

our laboratory; 4at.% of hafnium was added to NhAI (?Sat.% Ni, 21 at.% Al, 4at.% Hf) 

in order to obtain solid solution strengthening. Such a material is superior to the 

base Ni3AI [83]- it has much higher yield strength which is required from inserts for 

high-temperature compression. 

4.3 Powders 

As discussed in Section 2.5 refinement of the grain size may be a possible way to 

improve the fracture toughness of the cubic titanium trialuminides. The most 

effective method of refining the grain size of intermetallics is mechanical milling 

(ball milling) [106]. Therefore, in the present work the ball milling was employed in 

order to refine the grain structure of the low- Mn alloys. Subsequently the 

indentation fracture toughness tests were performed on the consolidated powders. 

4.3.1 Powder Production and Measurement Techniques 

Two ingots, approximately 200g each, were induction melted from pure elements 

(Al- 99.99999%, Ti- 99.7% and Mn- 99.9%) under high purity argon and cast into a 

steel mold. Subsequently, the ingots were homogenized at 1 000 °C for 1 OOh. The 

compositions of the homogenized ingots were estimated by a fully quantitative 

(elemental standards and the ZAF correction program) energy dispersive X-ray 

spectroscopy (EDS). The results are given in Table 5 .1 (ingots no. 14 and 1 5). 

Compositions of both ingots correspond to a single L l 2 phase field in the ternary 

Al- Mn- Ti system [107]. Homogenized ingots were crushed into coarse particles 

and chunks by a heavy sledge- hammer and then pulverized in a steel mortar using 
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a steel pestle. A 20g charge of coarse particle material was loaded into the ball­

milling vials of the ball- mill developed by Calka et al. [108] (Fig. 4.5) which was set 

up in a shearing mode. In this mode the balls both rotate and oscillate around an 

equilibrium position at the bottom of the milling cylinder in a strong magnetic field 

provided by the external magnets [1 08]. 
Free fall ball mode 

(no magnets) 

0.6N 
r 

' 

Shearing modes 

40N 
I 

' 
20N 

I 

' 

Impact mode 

Figure 4.5 Schematic of ball-milling under controlled conditions [1 08]. 

In this mode the powder particles trapped- between the rolling balls are mostly 

affected by shearing. Four hardened steel balls, 64g each, were loaded together 

with a pulverized ingot charge. This rendered a ball- to- charge weight ratio of 

around 8: 1. Milling was carried out in a pressure- tight vial filled up with an inert 

gas. 

X-ray diffraction profiles from the milled powders were recorded on a Philips 

diffractometer coupled with a Philips X- ray Generator (PW 1 730). The radiation 

used was CuKa. 0 .. =0. l 542 nm) at operating parameters of 20 mA, 40 kV, speed 2 

deg/min and step size 0.02 deg. Some scans were also made at 0.05 deg step size 

but from the experience the 0.02 deg step size is particularly recommended for 

calculating the profile breadths of annealed powders and standards (optimally 

narrow peaks are obtained). 
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The average crystallite (grain) size of the milled powders was calculated from the 

full width at half maximum (FWHM) of each selected Bragg peak. The FWHM values 

were calculated by the computer software TRACES™ developed by Diffraction 

Technology Ltd. (Canberra, Australia) (Dr. A.Calka, University of Wollongong). Two 

approaches to estimating crystallite size were used. The first one was a simple 

Scherrer formula [105]: 

D = __ 0_.9_l __ 
(t1FWHM) cos 0 

(4.1) 

where D is the nanocrystallite size, 'Ji.. is the wavelength of X- ray radiation and 

LlFWHM is determined by the TRACES™ by subtracting the FWHM of the 

unbroadened peak of a standard sample from the FWHM of the broadened 

(calculated) peak (milled powder). This approach takes into account the 

instrumental broadening. 

The second approach was based on the approximation of strain broadening by a 

Gaussian function, whereas the nanocrystalline size broadening was approximated 

by a Cauchy function [105,109]. Assuming that the "pure" profile breadth is 

approximately equal to LlFWHM the following equation describes both the 

broadening from the crystallite size and lattice strain broadening 

(t1FWHM)
2 = 0.911. [ (t1FWHM) ] + l 6e2 

tan2 00 D tan00 sin00 

(4.2) 

where So is the position of the analyzed peak maximum. Any available orders of a 

given reflection may be used to construct a linear plot of (LlFWHM)2/tan20o against 

(~FWHM)/tan8osin9o. From the slope 0.9'Ji../D and ordinate intercept l 6e2, the 

crystallite size, D, and distortion parameters (strain), e, in a direction normal to the 
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diffraction planes may be determined. The four strongest FCC peaks: (111 ), (200), 

(220) and (311) (isotropic case (1 09]) were used for calculations. 

For metallographic, chemical composition (EDS) and microhardness investigations 

the milled powders were mounted in conductive bakelite and carefully ground and 

polished according to the following procedure: 2400 and 4000 grade SiC paper 

(wet) backing on glass plate, then 6 µm and 1 µm diamond polish and finally 0.06 

µm colloidal silica. This is the only polishing procedure which did not result, as was 

found, in a substantial pull out or damage to powder particles in the mount. 

Finally, a light etching for 1 Ss using a mixture of 1 % HF + 1 0% HN03 + 89% H2O was 

applied to the surface. 

Vickers microhardness measurements were made on the mounted and polished 

powders, as described above under a load of 1 0g (HV 0.01) and a dwell time 1 Ss. 

Morphology of the milled powders was studied by SEM. 

4.3.2 Powder Processing 

Fine milled powders of Ah Ti(Mn) alloys were processed at various conditions. The 

process consisted of two stages: first - pre-compaction on Tatnal hydraulic press at 

high pressure at RT; second - hot pressing of RT pre-compacted powders using 

various temperature and pressures. Fig.4.6 presents the set-up for RT pressing of 

the powders. The purpose of using a split sleeve in this set-up is the easy removal 

of the compacted powder button from the steel ring. Without this split sleeve it is 

impossible to remove the button from the ring undamaged (in one piece). This is 

due to high residual stresses that powder imposes on the walls of the steel ring. 

After pressing the split sleeve is punched out of the steel ring using a hand press 

without damaging the button. A thin copper foil is used to prevent the powder 

particles to enter the spaces between the four pieces of the split sleeve. The usage 
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of this foil also prevents damaging of the button during its removal from the steel 

ring. The high- temperature powder compaction was done using hydraulic lnstron 

testing machine. The set-up is shown in Fig. 4.7. The usage of ceramic inserts 

caused low friction between loading rods and these inserts. An unstable high oil 

pressure induced mechanical vibrations which were transferred to the entire set-up. 

Therefore, there was a need to use the centering sleeves which keep the entire set­

up in place. This problem was not encountered in RT pressing since the tungsten 

carbide inserts and plunger imposed higher friction and also the vibrations on the 

Tatnal press were much lower than on the lnstron testing machine. 

In a first design of the high-temperature set-up the die was made from NhAI 

(?Sat.% Ni, 25at.% Al) (which was cast in our laboratory) as a single ring. During the 

test, however, the powder imposed such a high pressure on the die, that it 

fractured. Additionally, the yield strength of Ni3AI die was not sufficient since its 

walls also deformed plastically under pressure imposed by compressed powder. 

The fracture was partially caused by unfavorable grain orientations in the die which 

was radial. Subsequently, tungsten carbide was used as a die. Because of limited 

material availability, this die was strengthened by the Ni3AI ring. 

The compacted buttons had ~8mm in diameter and ~0.8mm in thickness. Vickers 

microhardness measurements of compacted buttons were conducted at various 

loads from 1 0g to 2000g. 
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A-A 

a) 

Setup for RT powder compaction 

Press' loading plate 

Tungsten carbrde Insert 

Tungsten carbrde plunger (3) 

Al3TI(Mn) powder (5) 

Austenftfc stainless steel 
sleeve cut rnto 4 feces 2) 

Thin copper foll (4) 

Heat treated steel (1 ) 

16rrim 

Figure 4.6 a) Set-up for cold (RTI pressing of powders, b) a photograph of the 

parts from (a). The numbers in (a) and (b) designate the same parts. 
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a) 

b) 

Setup for high- temperature powder compaction 

Tungsten carbide 
punger 

Tungsten carbide 

I 
lnconel loading rod 

I 

l to hydraullc lnslron 

Figure 4. 7 a) Set-up for hot pressing of powders, b) a photograph of the parts 

from (a). The numbers in (a) and (b) designate the same parts. 
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4.4 Fracture Toughness Testing 

4.4. 1 Selection of Fracture Toughness Testing Technique 

None of the experimental methods of fracture toughness characterization 

customarily expressed as the critical stress intensity factor, Kie, are utilized more 

extensively than others for a variety of reasons, including the ease of sample 

preparation and also the simplicity of the measurements. However, the widespread 

acceptance, simplicity or the extensive use of a single technique, does not 

necessarily indicate the superiority of that method over the others. The acceptance 

of any single technique must also be validated by its reproducibility and determined 

by other valid test methods. 

The critical stress intensity factor is usually measured at slow loading rates. The 

values obtained can then be applied to failure prediction for the equivalent in­

service loading rates. 

The technique selection depends on both the measurement temperature and the 

material porosity [11 OJ. For non- porous materials, pre- cracks can be readily 

detected using dye penetrants, thermal tinting or optical observations. Hence, the 

conventional techniques can be used at ambient temperature without difficulty­

whichever is most convenient in terms of material availability, machining 

capabilities, test facilities, and pre- cracking facility. For elevated temperature 

measurements, the test procedure imposes additional constraints. Additional 

restrictions, equally important, come from the complicated setup design used in 

this study, which allows testing in the wide temperature range from RT - 1 000 °C 

and at the same time in various environments - high vacuum (~ l .Sxl 0-7 Torr), 

oxygen, argon or any other environment. The chain of constraints imposed on the 

specimen design and mode of loading is as follows: 
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The clearance between the bottom and loading frame of the testing machine ➔ the 

internal diameter of the tubular furnace and its height ➔ the dimensions of the 

environmental chamber ➔ the length of the loading rods (important at high 

temperatures) and the size of the specimen. It is almost imperative that specimens 

which use compressive loading should be used. 

Many types of specimens, such as the Single- Edge- Notch- Beam (SENB) specimen, 

the double torsion, the double cantilever beam, and the surface flawed specimens 

are currently used. These specimens have either blunt notches produced by saw 

cutting, or cracks produced by wedge loading or by local thermal shock. Specimen 

with blunt notch can overestimate K,c. Precracked specimens are difficult to prepare 

in a reproducible manner, and the initial crack front often cannot be seen on the 

fracture surface after testing, making it nearly impossible to measure the initial 

crack length. To overcome these difficulties Barker [111] has proposed a specimen 

with a chevron notch (CN). This type of specimen was first used by Nakajama [112] 

and later on by Tatterstall and Tappin (11 3] in bend tests for obtaining an average 

fracture surface energy. In the present work there were two fracture toughness 

specimen types used: Single- Edge- Precracked- Beam (SEPB) type specimen and 

Chevron- Notched- Beam (CNB) type specimen. The specimens' geometry and 

testing procedures were based on the ASTM recommendations [l 14, 11 S]. The 

choice of the loading mode was dictated by high temperatures used in tests. The 

SEPB specimens, even though more difficult to prepare than CNB specimens, were 

chosen to assure a high crack sharpness. However, the difficulty in obtaining the 

reproducible precracks required a larger number of specimens be prepared and the 

fracture toughness be represented as a function of the remaining ligament length. 

Toughness values of all the specimens that satisfied plain strain requirement were 
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considered as valid Kie values. This is because the other requirement imposed by 

the ASTM Standard [114] regarding the amount of plasticity developed in the 

specimen was satisfied for all the specimens tested, even at 1000°C. 

The CNB specimens were chosen primarily because they were easier to prepare and 

provided better reproducibility of the notch dimensions. Also the required by ASTM 

Standard El 304-97 [11 S] on chevron-notched rod and bar in tension, thickness B 

of CNB specimens is twice smaller than that of SEPB type specimens to satisfy the 

plain strain condition. However, the problems encountered with the applicability of 

the equations of fracture toughness calculation for this type of specimens 

prevented CNB specimens from being the sole source of fracture toughness data. 

Later, after obtaining and comparing fracture toughness values for both specimen 

types in the entire temperature range from RT to 1000°C it became obvious that 

both methods of toughness testing give the results in the same bound of scatter. 

Therefore, after assuring that CNB specimens produce valid KQvM (11 S] toughness 

values, the majority of toughness tests was performed using the CNB specimen 

configuration. 

4.4.2 Set-up and Testing Procedure 

Fig.4.8 presents the self-aligning universal setup especially designed in-house for 

fracture toughness testing. Tests were performed in bending mode. Experiments 

were done in air in the temperature range from RT - 1000°C, in high- vacuum 

(~ l .Sxl 0-7 Torr) in the temperature range from RT - 1000°C, in high- purity argon 

(according to supplier specifications 99.99896, less than 20 vppm impurities) in the 

temperature range from RT - 1000°C, in oxygen (99.5%, less than 6vppm moisture) 

at room temperature, in water, and in liquid nitrogen. 
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The experiments were performed in displacement control mode using a screw 

driven lnstron testing machine. The 100 kG capacity load cell was used with the 

sensitivity range set to the desired value according to the expected load values. 

Load and cross-head displacement were digitally recorded and stored in a 

computer. Testing at high temperature prevented the use of any displacement 

gages that could be placed close to the supporting and loading pins. Therefore, the 

cross- head displacement was considered as the load- line- displacement (LLD). 

This approach is valid because first, the compliance of the small and notched bend 

bar is much greater than that of the test jig/machine and second, the compliance of 

the jig is constant at the same testing temperature. Therefore the influence of the 

jig/machine compliance on the crack stability and work of fracture should be 

minimal (as discussed later). 

Fig.4.9 shows the pictures of some parts of the set-up from Fig.4.8. The parts that 

are particularly exposed to contact stresses especially at high temperatures were 

fabricated from NhAI (75at.% Ni, 25at.% Al) intermetallic also cast in our laboratory. 
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Figure 4.8 
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Parts list: 

1 - adapter 

2 - clamp collar 

3 - clamp collar bolt 

4, 1 5 -bellow fixing plates 

5 - bellow fixing bolts 

6 - distance sleeve 

7, 11 - flanged sleeves 

8 - clamp 

9 - "0
11

- ring closing environmental chamber from the top 

1 0 - bolts squeezing the last "o"- ring 

12, 23, 27, 51 - water- cooling coils 

1 3 - "o"- ring sealing upper flange of the bellow 

14 - upper flange of the bellow 

16 - "o"- ring squeezing and bellow's upper flange fixing bolts 
1 7 - loading rod 

1 8 - thin walled, copper bellow 

1 9 - lower flange of the bellow 

20 - "o"- ring sealing lower flange of the bellow 

21 - bolts squeezing the lower flange "o" ring 

22 - flanged sleeve 

24 - bolts squeezing the "o"- rings sealing vacuum chamber 
25 - "o"- rings 

26 - nut 

28 - fixing collar 

29 - bolt 

30 - nut holding intermediate insert 

31 - intermediate insert 

32 - nut holding Ni3AI intermetallic insert 

3 3 - Ni3AI intermetallic insert 

34 - Al2O3, ceramic main loading rod 

3 5 - Ni3AI intermetallic loading block 

36 - strip positioning loading rod 

37 - bolt 

38 - nut 

39 - AliO3, ceramic loading rollers 

40 - fracture toughness specimen 
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41 - AfiO3, ceramic support rollers 

42 - Ni3A( intermetallic support insert 

43 - thermocouple 

44 - water container 

45 - balls allowing the load to be transferred uniformly to the load cell 

46 - ball's positioning block 

47 - vacuum sea[ 

48 - environmental chamber 

49 - "o"- ring, sealing connection between environmental chamber and diffusion 

pump 

51 - vacuum valve 

52 - pressure gage 

53 - tubular furnace 

This setup has the following advantages: 

- each rubber "o"- ring is protected by water cooling which allows for high­

temperature testing up to 1000°C, 

- well sealed small environmental chamber and powerful diffusion pump allows 

for obtaining vacuum of~ l .Sxl 0-7 Torr in short time, 

possibility of back filling with gas such as oxygen, argon, etc., 

- accurate temperature measurement because the thermocouple is placed right 

below the specimen, 

easy adjustment for changing the mode of bending (3pt. and 4 pt. bending) and 

upper and lower spans, 

stable base due to support on three heat treated steel balls (three supporting 

points are always in one plane, therefore they form a stable base), 

low sensitivity to misalignment due to application of a ball joint at the loading 

insert, 

preparations and testing can be performed by one person. 
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Figure 4. 9 a) specimen under 4pt. loading, b) supporting rod with the cap closing 

the chamber from the bottom, c) loading rod with the cap closing the 

chamber from the top. 
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Fig.4.10 shows the set-up fully connected to lnstron machine. 

Figure 4.10 a) Overall view of the set-up ready for testing, b) close-up of the 

loading frame and the environmental chamber. 
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4.4.3 Specimen Types 

Single- Edge- Precracked- Beam (SEPB) Type Specimen 

Bending bars were cut from the block of cast and HIP-ed material into desired 

dimensions using Electro- Discharge- Machining (EDM). Subsequently the bars were 

ground with emery papers and polished using 1.0 and 0.3 micron alumina powder. 

The surface finish in this type of specimens is particularly important. One reason is 

to enable the observation of a stably growing crack during the precracking 

procedure. The second is to avoid possible scratches or/and cracks serving as 

notches in the precrack region. It was found that if the finishing paper was too 

rough, the specimen surface was left with the dense network of surface cracks. 

These cracks could interfere with the main crack during testing. Bend bars were 

subsequently notched with 0.1 mm copper wire, leaving the slot width ranging from 

0.1 l to 0.16 mm, depending on the specimen and electrical current used for 

notching. 

UPPER ANVIL 

SPECIMEN 

SUPPORTS 

L□w'ER 
ANVIL 

p 

Figure 4.11 Jig used for precracking notched specimens [116]. 
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Precracking procedure was done using the method introduced by Nose and Fuji 

[116) for ceramic materials. This method gave K,c values almost identical with those 

of the fatigue- cracked- beam method [116]. The setup is shown in Fig.4.1 1 . 

A critical requirement for straight and planar precracks is the parallelism of the 

bar's sides and precisely machined bridge. Even fulfilling this does not guarantee 

good results. Precracks were marked by thermal tinting at 800 °C for ~2 min and 

measured after tests using Java System [11 7]. At temperatures other than RT, it was 

much easier to determine the precrack length due to changing mode of fracture 

with temperature. 

The parameters influencing the length of the precrack or even the stability of the 

precrack are: applied load, specimen cross- sectional dimensions, distance between 

the supports in the bridge and the notch length. If the specimen is stiff (at given B 

and W it means the notch is too short and/or the span is too narrow) the crack has 

the propensity to grow stably. However, if the load is too high, a network of cracks 

(most probably throughout the entire volume of the specimen) is formed along the 

main pre-crack (Fig.4. l 2a) (the center) and at the contact surfaces of supports and 

the bar (Fig.4. l 2b,c). Extensive plastic deformation is also seen at the support/bar 

contact points. On the other hand, if the bar is too compliant (the span too wide 

and/or notch too deep), the precrack can easily jump long distance, very often 

close to the back side of the specimen, leaving the remaining ligament length not 

sufficient for determination of valid toughness values. 
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Figure 4.12 Precracking of the notched specimen: a) network of cracks formed 

around the main crack when the span is short and specimen 

overloaded, b) dual mode of deformation in the region of supports­

plastic deformation and cracking (boron-free "base" 9Mn-25Ti alloy). 

Fig.4.1 3 shows the cut notch and the precrack emanating from the tip of the notch 

and Fig.4.14 shows the fracture surface with pertaining dimensions. 

Figure 4.13 a) SEM photograph of the SEPB specimen, b) optical photograph of the 
end of the notch and the entire precrack. 
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Figure 4.14 SEM photograph of the fracture surface of the SEPB specimen and its 

dimensions, ao- notch length, a-notch + precrack length, W- width, 8-

thickness of the specimen. 

A small jig (Fig.4.1 5) was used to observe in the SEM the precrack loaded to various 

progressive stress intensities. Specimen was loaded manually in 3pt. bending by 

torqueing a screw in four steps. After each loading step the strained tip of the 

precrack was carefully observed in the SEM. The purpose of this experiment was to 

explore the nature of the strained crack tip deformation and hopefully the size of 

the plastic zone of the precrack strained close to the critical stress intensity. 

Figure 4.1 5 Jig used for straining of the SEPB specimen. 
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Chevron- Notched Specimens 

The bending bars were prepared the same way as SEPB bars. The surface finish 

is not that critical as for SEPB type specimens because the fracturing material is 

deeply "hidden" inside the bulk of a bar. The chevron notches were cut using the jig 

shown in Fig.4.16. The general dimensions of the notch are shown in Fig. 4.1 7. a1 

parameter was kept =::: l and ao could be approximately set to the desired value 

(geometrical parameters will be discussed in more detail in the following section). 

Figure 4.1 6 Jig used for cutting chevron notches. 

Figure 4.17 Fracture surface of the CNB specimen and its dimensions, ao- notch 

depth, a1- side dimension of the notch, W- width, 8-thickness of the 

specimen. 
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A few CNB specimens were also precracked using the same bridge as for SEPB type 

specimens. Obtaining the stable cracks seems to be easier than in SEPB bars but it 

is more difficult to obtain short precracks (apr~ am - the critical crack length, for the 

definition see Section 4.4.5), since the propagating crack cannot be seen. 

4.4.4 Critical Stress Intensity Factor Calculations 

Fracture toughness calculations for SEPB specimens were done according to 

equations given in [114]. In the cases where 5/W ratios were much different from 4, 

the calculations were performed according to equations given in [11 8]. The relevant 

equations for SEPB specimens are given in the Appendix A. 

No more consideration of this type of specimen is given here because the 

procedure is straightforward (even PQ load values [114] did not have to be 

determined due to linearly rising load up to the maximum load in the entire 

temperature range). Instead, more attention is directed towards CNB type 

specimens. 

Existing stress intensity solutions [119,120] for chevron notched bend bars have 

been derived mainly with the use of Bluhm's slice model [121 ]. This requires the 

analysis of complex integral functions which can often be solved only by the use of 

powerful numerical techniques. The analyses are geometry specific and their 

complexity inhibits their application to different loading conditions and specimen 

geometries. This problem can be solved by utilizing approximate trigonometrical 

functions [122]. 

Bluhm divides the specimen with its trapezoidal crack/notch into slices of uniform 

thickness, i.e. slices in the straight- through portion of the trapezoid, and slices in 

the tapered portion. KQv is given by (subscript v stands for chevron- notch) 
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K PM r.:· 
QVM = 8W1/2 min 

Y* is given by 

y· = [/ dCv(a)(a, -a0 )]1/
2 

2 da a-a0 

PM- is the maximum test force; 

a, ao and a1 are normalized depths: a=a/W, ao=ao/W, a1 =a1 /W; 

Cv(a.) is the compliance of the testpiece. 

Final form of Cv{a) is: 

T [ a - a 0 ][ 7 ] k 
Cv{a} = a, -ao r + /3tan2 ( 2 ) + (a, - a 0 ){y - /J) x 

(2.3} 

(2.4) 

{(a, -a)-!(:t[arctan((:r ta{ K;, ))-arctan((:r ta{ K;)) ]}(25) 

Where k is the interlaminar shear factor 

where 

¢ = 0.S(n-6) 

with 

and 
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e is the included angle of the chevron notch in radians, v is Poisson's ratio, S1 and 

52 is the lower and upper span, respectively, y is the nondimensional compliance of 

a specimen without a notch. 

Simpler method of KQv calculation is by using straight- through crack assumption 

(STCA). It is assumed that for a specimen with a chevron notch, the derivative of the 

compliance with respect to a. is the same as for a specimen with a straight- through 

crack. According to this method 

(2.6) 

and 

y· = J a1 -ao ]112 (2.7) , L a-ao 

where Y is the stress intensity coefficient factor for the straight- through- crack 

specimen. 

Whether or not the Bluhm's slice model in fact improves upon STCA method of 

estimating the dimensionless stress intensity factor coefficient for the four point 

bend CNB specimen has not been substantiated by careful experimental compliance 

measurements. The difference, however, decreases with increasing ao [1 20]. 

In order for a test result to be valid in accordance with ASTM El 304 Standard Test 

Method [1 l 5], it is required that the specimen's lateral dimension, B, equals or 

exceeds l .25(KQv/cry)2 where cry is the material's 0.2% offset yield strength. 

In the present study, calculations were performed according to Bluhm's slice model, 

i.e. equations (2.3) to (2.5) using Waterloo Maple Software. 
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4.4.5 Methodology of Testing and Specifics of Chevron Notch Design 

Chevron notch test introduced by Barker [111] (short bar) is at present, generally 

accepted as a convenient method for measuring the plane strain critical stress 

intensity factor. The growing crack in the CNB specimen is stable in the long range 

due to the nature of the specimen geometry. A guiding notch imposes constraints 

on the crack path. This type of specimens has the advantage that a sharp crack is 

produced during loading, making it necessary only to measure the maximum load. 

The functional relation between the maximum load (PM), the specimen geometry, 

and KQvM, however, must be known. Many authors [111,123,124) pointed out by 

using analytical analysis that stable crack extension can be realized in CNB 

specimens, so that tiresome (or even impossible) fatigue precracking of specimens 

can be eliminated. 

The ASTM E 1304- 97 Standard [11 S] for chevron-notch bar and rod in tension 

(there is no ASTM Standard for bending) defines the conditional fracture toughness 

calculated from maximum load, KQVM, using equation 2.3. If B> 1.25(KQvM/crv)2 and if 

the actual crack surface does not deviate from the intended crack plane more than 

0.04B when the width of the crack front is one third B, and if the values of PM do not 

occur before a point corresponding to the slope ratio l .2rc (re- the unloading slope 

ratio at the critical crack length) then KQVM=K1VM (plane strain chevron-notch 

fracture toughness). 

According to this Standard, the critical crack length, am, in a chevron specimen is 

that at which the specimen's stress intensity factor coefficient, v· (symbol • stands 

for CNB type specimen), is a minimum, or equivalently, the crack length in a 

chevron specimen at which the maximum load would occur in a purely linear elastic 

fracture mechanics test. At the critical crack length, the width of the crack front is 
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approximately one third the dimension B. Barker [125] developed an inflatable 

bladder flatjack loading method on a short- rod specimen. The flatjack is placed 

inside the thin slot of the specimen, and the specimen is loaded by pressurizing the 

flatjack. It has been shown that pressure becomes maximum at certain crack 

length ac which depends only on the specimen geometry, not the material. 

Therefore, crack location at the peak load is constant for certain geometry. 

In other words, fracture toughness is calculated from the load required to advance 

the crack when crack is at the critical crack length. The fracture toughness 

determination from PM of a chevron notched specimen therefore, is always for an 

ideally sharp crack. 

The above described method of calculating KQv from maximum load is correct for 

materials with flat KR resistance curve. However, if KR increases as ~a increases, K1vM 

is overestimated. It is so because maximum load and v·m do not occur coincidently 

at am. The load peaks, instead, at a relative crack length greater than am, This 

results in some error in the calculation of K1VM at maximum load because the 

corresponding value of crack length is unknown. 

Sometimes the load-displacement records exhibit pop-ins. This may be due to 

characteristic feature of a material or due to notch preparation technique. EDM 

cutting results in machined layers on the CN surfaces. Their structures are different 

from the matrix. The toughness of these layers may be higher than the toughness 

of matrix. Hence, the load needed to initiate a crack at the tip of CN may be high 

enough to extend the crack into matrix to some length a, that will cause a pop- in. 

If the crack length a is smaller than critical length am, the crack will continue to 

grow stably until it reaches the critical length. Therefore, the pop- in may not affect 

the maximum load PM and the measurements of KQv. In this sense the pop- in is 

72 



treated differently in CNB specimen than in SENB or SEPB specimen. (n the latter 

case, the load at sufficiently long pop- in is taken for calculating Kie. Therefore, 

preparation method of chevron notch may affect the crack growth mode of CNB 

specimen. Load- displacement record should always be obtained during test, 

unless it can be assured that the specimen definitely exhibits stable crack growth 

before rapid fracture. 

The allowable CNB specimen size is twice smaller than that for SENB or SEPB type 

specimen. It is because the toughness is measured at approximately the midline of 

the specimen, and only in the material covered by the crack's lateral extent. This 

causes that the entire crack front is under plane strain condition (which is based on 

numerical calculations). 
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Figure 4.1 8 Nondimensional compliance C and stress intensity factor coefficient Y* 
dependences on crack length for chevron notch specimen. 

The change of nondimensional compliance C and stress intensity factor coefficient 

v· with crack length are shown in Fig.4.18. 
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Graphs given below show the influence of notch parameters on the shape and 

position of the curves in Y-, a coordinates. They are calculated for B/W:::: 1, S1 /W-::::4, 

S1 /S2=4 (or otherwise shown on the graph). 
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Figure 4.19 Stress intensity factor coefficient Y- dependence on crack length a, a) 

for various a.1 values and a.o=0, b) for various a.1 values and ao=0.4. 

From Fig.4.19 it can be seen that keeping ao=0 and changing a.1 from 0.6 to 1.0 

shifts the curve upward and v·m towards longer cracks. For more deeply introduced 

notches, ao=0.4, the above is also true. However, the curves are much flatter before 

and after v· m- As also can be seen deeper notches give higher values of v· (and at 

the same time higher compliance). Similar analysis is presented in Fig.4.20 but 

keeping constant a.1. 
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Stress intensity factor coefficient Y* dependence on crack length a, a} 

for various ao values and a1 =0.6, b} for various ao values and a1 = 1.0. 

In Fig.4.20a by changing ao from 0 to 0.4 and keeping a1 =0.6, not only the Y-m is 

shifted to the right and upwards but also the shape of the curves is changing. The 

main difference comes from the fast increasing steepnes after y• m for larger ao. The 

main difference between graphs for a1 =0.6 and a1 = 1.0 (Fig.4.20b) arises from the 

fact that for a1 = 1 .0, y• m occurs at larger am and of course the curves are also 

shifted upward for a1 = 1 .0 with respect to a1 =0.6. For the same reason compliance 

is also higher. 

Graph in Fig.4.21 a shows the change in y• vs. a for ao and a1 both increasing and 

graph in Fig.4.21 b for ao increasing and a1 decreasing. The latter causes the Y-m to 

remain at constant level. However, the Y-m is being shifted towards larger am, 

although the crack length of the flat portion of v• function before and after y• m 

becomes shorter. There is no advantage to follow this path in notch design. Rather 

preferable direction is shown on graph in Fig.4.21 a. It will be rationalized later by 

taking into account real loading system and response of a specimen with specific 

geometry. 
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Figure 4.21 Stress intensity factor coefficient Y* dependence on crack length a, a) 

for various ao and a1 values both increasing b) for ao increasing and a1 

decreasing. 
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Figure 4.22 Dependence of Aa.=am-ao on the notch depth ao. 

One more important characteristic feature of the CNB configuration is the 

dependence of Aa=am-ao on ao and a1 (Fig.4.22). For a1 = 1 .0 there is a monotonic 

drop of Aa with ao, whereas for a.1 =0.6, .6.a shows a maximum. The values of Aa are 

much higher for a1 = 1 .0 than for a.1 =0.6. ~a is an important parameter in the notch 

design because the larger the .6.a the higher the propensity for stable fracture. 
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From the description of the CNB configuration presented in this chapter some light 

can be shed and directions can be given for designing suitable notch parameters 

for fracture toughness determination. 

As was mentioned earlier, subcritical crack growth is required for KQv determination 

with CNB specimen. The shape of the load- displacement curve depends on the 

amount of the elastic energy stored in both testing machine and specimen, and also 

on material and notch parameters. From this point of view a hard machine is 

desired (low elastic energy stored). 

The stored elastic energy is proportional to the square of the load, so it is 

particularly advantageous to shape the specimen so that fracture begins at small 

load. It is somehow to the contrary of the direction given by v· change with a for a 

given cross sectional dimensions 8 and W. Keeping B and W constant and choosing, 

say 4 pt. loading mode, in order to increase the compliance of that configuration, 

specimen must be notched deeply ➔ large a.1 and a.o. From the graph in Fig.4.22 it 

is seen that the preferred geometry (from v· changes point of view) is a.1 = l .0 and 

a.o=O. In this case the critical crack length .6.a. is longest, and this gives the highest 

propensity for subcritical crack growth for all the notch geometries. 

In summary- in order to achieve a stable chevron-crack extension at low loads, two 

major testing requirements must be met. First, the elastic energy stored in both 

testing machine and specimen must be relatively low. This requirement would be 

met with a "hard" machine (screw driven) and a high compliance of the testpiece. 

The latter is equivalent to large values of the chevron-notch normalized geometry 

parameters a.1 and a.a. Second, the .6.a.=a.m-a.o should be relatively large (it occurs at 

large a.1 and small a.a values). The second requirement of small a.a is in obvious 

contradiction to the first requirement of large a.a for a high compliance. Usually, a 
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compromise is made by choosing a.v~0.8-1.0 and a.o~0.2-0.4 [126-128]. Hence, in 

the present work a.1 was set at about 0.8-1 .0 and a.0 at about 0.2-0.4. 

In the case of a material with rising R- curve, however, a.1 = 1.0 and large a.a is 

recommended. In this case v·ca.) must increase rapidly after lia.m so that KQv is not 

overestimated when KR increases with increasing Lia., i.e. the notch must be deep. 

lia.m must be also relatively large (greater than 2p, where p is the notch tip radius­

one-half of the notch width) to avoid the influence of the finite notch tip radius 

[129}. 

Also the notch tip angle must be relatively sharp to provide the propensity for 

stable crack growth. Again, it must be compromised with the high compliance 

requirement. 

Using two methods: slice model and STCA (Straight- Through- Crack- Assumption) 

model for y· m calculations it was shown [1191 that slice model gave slightly higher 

v•m values than STCA model (14% for a.o=0 and 5% for ao=0.5). 

For a.1 in the range 0.5-1.0, KQv computed using the STCA decreases monotonically. 

Using the slice model, KQv shows a minimum. For a.1::::: 1 .0, both models predict 

similar values [119]. An effect of a.1 on KQv was observed for the CNB specimen due 

possibly to inaccuracies in the shear transfer coefficient in Bluhm's model (see 

Section 4.4.4) for a.1<1. Therefore, a.1=1.0 is the preferred geometry. The v·m 

values obtained from the STCA were within 3.5% of the v• m values obtained from 

the experimental compliance. In case of precracking of CNB specimen, the above 

assumption should not be used to determine y• values other than Y-m since the 

agreement with experimental results is poor, particularly at smaller crack length to 

width ratios [123]. 
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Figure 4.23 Stress intensity factor coefficient V- dependence on crack length a. for 

three different 51 /W ratios. 

Fig.4.23 shows the influence of 51 /W ratio in 4 pt. bending on the change of Y-m 

with crack length a.. Character of v· has not been changed substantially. The main 

effect is shifting the curve towards higher v·m values and higher compliance. 

At the very beginning of this work, the author after obtaining linear load to 

fracture, went intuitively to highly compliant specimen by choosing high 51 /Wz 10 

and Sl/S2:::: 1 2. 5 ratios. Unfortunately, stable crack growth was not obtained. Also, 

specimens with very sharp notch angles were tested with the same result. 

In closing experiments of this work, some precracked CNB specimens were tested 

in 4 pt. bending in order to substantiate the obtained data for catastrophic fracture. 

Even though the 51 /W=4 and S1 /S2=4 ratios were very low (propensity for low 

compliance) in one specimen with deeply precracked chevron- notch, the long pop­

ins were observed. It happened despite the fact that the precrack length was larger 

than the critical crack length, but that could be the effect of a large grain size with 

respect to the notch surface area. 

79 



4.4.6 Work of Fracture 

The work of fracture, Ywof, is defined simply as the total energy, Wwof, consumed to 

produce a unit area of fracture surface during the complete fracture process 

[130,131], i.e. 

1' woF = W woF f 25 (2.8) 

where S is the projected cross- sectioned area of the unnotched remaining ligament 

of the test specimen. 

The key point in equation (2.8) is that none of the assumptions of linearity for the 

test specimen are made for the fracture process. It is possible to calculate Ywof in the 

absence of any information on the stress intensity factor Ki, the notch tip accuity, 

the notch front geometry (straight through or chevron), etc. This fact is an 

important advantage in the analysis of very complicated fractures. However, the 

details of the physical meaning of Ywof as the fracture surface energy, becomes 

somewhat ambiguous for fracture processes exhibiting prominent plastic 

deformation, phase transformation, microcracking induced residual stresses in the 

wake region, and strong crack bridging systems. 

A critical issue is that the fracture process is usually far removed from an ideal 

state. A number of additional energy absorbing processes can occur during primary 

crack extension, even in the most brittle materials like ceramics. Even in the 

fracture surface of single crystals there are numerous imperfections including 

dislocations, twin deformation, cleavage steps and lines. In some materials, not 

only is crack branching evident in the frontal process zone, but also the zone 

shielding by microcracking and compressive residual stresses in the following wake 

region, as well as crack bridge shielding in the crack surface contact region 

occurring behind the running crack tip. All of these fracture processes add 

increments of energy consumption to the intrinsic surface energy (yo) [132]. 
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5 EXPERIMENTAL RESULTS 

5.1 Chemical Composition and Microstructure of Alloys 

Table 5.1 contains the chemical composition obtained from a fully quantitative 

X-ray energy dispersive spectroscopy (EDS) (QX2000 LINK system) analysis of most 

of the HIP-ed ingots used in this study (at least 5 readings were made for the 

average; standard deviations are also shown). Boron content and overall chemical 

compositions of the specimens designated 9Mn-0.25B, 9Mn-0.66B, 14Mn-0.24B 

and 14Mn-0.658 (numbered 10, 11, 12, and 13 in Table 5.1, respectively) were 

determined using neutron activation analysis in Becquerel Labs. Inc. (Mississauga, 

Ont.). Boron content was also determined by this method in the 9Mn-0.004B alloy 

(no.9 in Table 5.1 ). 

Compositions of the low- Mn ingots which were used for cutting fracture toughness 

specimens (~9at.% Mn, designated 9Mn) numbered 1, 2, 3, 4, 5, 6, 7, 9, 10, 11, 14, 

15, 18 and 19 in Table 5.1 are very similar and correspond essentially to a single 

L l 2 phase field [107]. Material in the as-cast condition contained very small 

amount of second phase (unidentified) (Fig.5.1 a). This phase was completely 

dissolved during homogenization. Fig.5.1 b shows characteristic needles most 

probably resulting from the presence of the interstitial impurities in the pure 

elements used for the preparation of the alloys. These needles were tentatively 

identified as Ti2AIC [14] and TfaAIN [133]. Volume fraction of these needles is below 

1% (Table 5.2, p.92). Porosity level after homogenization and HIP-ing is below 1% 
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(Fig. 5 . 2 a) . 

Table 5.1 Overall chemical composition of the ingots after HIP-ing. 

ALLOY DESIGNATION INGOT SPECIMENS Al (at.%) TI (at.%) Mn (at.%) B {at.%) 

1 4pt bending, CNS, small 66.5±0.2 25.0±0.2 8.5±0.1 -

2 4pt bending, CNB, large 66.2±0.2 24.7±0.2 9.2±0.2 -

3 3pt bending, CNS 65.8±0.1 25.0±0.1 9.2±0.2 -

9Mn 4 3pt bending, SEPB (air- series 1) 65.7±0.2 25.2±0.1 9.2±0.2 -

5 3pt bending, SEPB (air- series 2) 66.0±0. l 24.9±0.1 9.1 ±0.1 -

6 3pt bending, SEPB (argon) 66.1±0.2 24.9±0.2 9.0±0.2 -

7 3pt bending, SEPB (vacuum, 67.1 ±0.2 24.0±0.2 8.9±0.2 -

liquid N2, water) 

14Mn 8 4pt bending, CNS, high-Mn 56.4±0. l 29.4±0.1 14.2±0.1 -

9Mn-0.0048 9 4pt bending, CNB, 8-doped 65.8±0.1 25.S±0.1 8.8±0.1 .004±0.001 

9Mn-0.258 10 4pt bending, CNB, 8-doped 66.7±2.1 24.2±1.0 8.9±0.3 .25±0.007 

9Mn-0.66B 11 4pt bending, CNB, B-doped 65.1 ±2.1 25.2±1.0 9.0±0.3 .66±0.02 

14Mn-0.24B 12 14pt bending, CNB, B-doped 57.6±1.9 28.5±1.1 13.7±0.4 .24±0.007 

14Mn-0.65B 13 14pt bending, CNB, 8-doped 53.6±1.8 31.9±1.2 13.8±0.4 .65±0.02 

14 POWDER 66.4±0.2 24.2±0.3 9.4±0.2 

15 POWDER 65.7±0.5 25.7±0.7 8.6±0.4 

18 RECRYSTAUIZED 65.3±0.2 25.7±0.2 9. T ±0.1 

9Mn (50% DEFORMED) 

19 RECRYSTALLIZED 64.8±0.2 25.4±0.3 9.1±0. l 

(70% DEFORMED) 

Fig.5.3 shows the thermally etched, grainy structure of different grain 

morphologies corresponding to different locations in the ingot. Grain size is similar 

in all the ingots. Size of the equiaxed grains is ~0.2- 0.5 mm (Figs.5.2b, 5.3a, 5.4b, 

5.7a, 5.9b, 5.10) (a few specimens had very large grains, ~1300 µm). Thickness and 

length of columnar grains change from -0. 1 5 to 0.3 mm (also grains as fine as 

~0.05 mm were found) and ~2 to 5 mm, respectively (Figs.5.3b and 5. 7b). 
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Figure 5.1 a) Optical micrograph of low- Mn alloy in as-cast condition (etched), b) 
after HIP-ing (SEM). 

· -I 0.25mm 

Figure 5.2 Optical micrographs of the HIP-ed, low- Mn material; a) low porosity 

(below 1 %) (unetched), b) chemically etched boundaries of equiaxed 

grains (specimens tested in air). 

Specimens tested in argon (Fig.5.4) have very similar microstructure to those tested 

in air. 
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Figure 5.3 Optical micrographs of the HIP-ed, low- Mn material (thermally 

etched); a) equiaxed grains, b) columnar grains. 

Figure 5.4 Optical micrographs of the HIP-ed, low- Mn material; a) low porosity 

(below 1 %) (unetched), b) chemically etched boundaries of equiaxed 

grains (specimens tested in argon). 

The microstructure of the as- cast, boron- doped (0.004 at.% 8) alloy is shown in 

Fig.5.5. Second phase content was similar to the low- Mn, boron- free alloy. After 

homogenization, porosity was higher than in boron- free alloy but was reduced to 

~ 1 % after HIP-ing (Fig.5.6) (the size of pores and volume fraction was reduced). The 

equiaxed and columnar grains of the 9Mn-0.004B alloy are shown in Fig.5. 7. 
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,. 

Figure 5.5 Optical micrographs of the 9Mn-0.004B as-cast alloy showing some 

content of the second phase (etched) . 
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Figure 5.6 Optical micrographs of the a) homogenized and b) homogenized and 

HIP-ed 9Mn-0.004B alloy (unetched). 
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Figure 5.7 Optical micrographs of the homogenized and HIP-ed 9Mn-0.004B 

alloy; a) equiaxed (etched) and b) columnar grains (unetched). 

The as-cast microstructu re of the alloy with high- Mn content (14 at.% Mn) (ingot 

no. 8 in the Table 5.1) exhibits higher content of second phase (Fig.5.8) than the 
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Figure 5 .8 Optical micrographs of second phase in the as-cast high- Mn alloy 

(1 4% Mn) (unetched). 
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Figure 5 .9 Optical micrographs of the homogenized and HIP-ed high- Mn alloy; a) 

porosity (~2%) (unetched), b) equiaxed grains (etched). 
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Figure 5 .10 Optical micrographs of the homogenized and HIP-ed high- Mn alloy 

(etched) showing different morphology of "equiaxed 11 grains (appearing 

also in other alloys). 
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9Mn alloys. Homogenization dissolved entirely the second phase. After Hf P-ing 

porosity was ~2% (Fig.5.9a), slightly higher than that in the 9Mn alloys. Figs.5.9b 

and 5.10 show the morphology of grains in high- Mn alloy. 
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Figure 5 .11 Optical micrographs of the microstructure of the homogenized and 

HIP-ed 14Mn-0.24B alloy (etched). 
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Alloys numbered 10, 11, 12, and 13 in Table 5.1 contain boron. Boron 

concentration around 0.2- 0.6 at.% is the optimal amount used in Ni3AI to improve 

mechanical properties [134]. This amount of boron in Ni3AI does not cause the 

Figure 5.12 Optical micrographs of the microstructure of the homogenized and 

HIP-ed 14Mn-0.65B alloy (etched). 
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formation of borides. However, in the present alloys this amount of boron is 

sufficient for forming borides. Microstructures of the 9Mn-0.25B, 9Mn-0.66B, 

l 4Mn-0.24B and l 4Mn-0.658 alloys are shown in Figs.5.11, 5.12, 5.13, and 5.14, 

respectively. 

boride particles 
1 2su:n 

.:. -' + 

Figure 5.13 Optical micrographs of the microstructure of the homogenized and 

HIP-ed 9Mn-0.25B alloy (etched). 

The microconstituents in these alloys are: the L l 2 matrix, the second phase of the 

composition Al: 41.2±0.8 at.%, Ti: 33.3±0.3 at.%, Mn: 25 .5±0.5 at.% in the amount 

of 0.96±0.87% (the highest for l 4Mn-0.65B alloy), the characteristic needles (~ 1 %) 

and finally borides. Volume fraction of needles in high- Mn (14% Mn) alloy is higher 

than in the low- Mn alloys (9% Mn) (alloys containing no boron) but still is below 
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1 %. The volume fraction of needles+borides in boron- doped alloys is higher for 

alloys containing higher amount of boron. Figs.5.1 Sa and b show SEM photographs 

of boride particles in l 4Mn-0.24B and l 4Mn-0.65B alloys, respectively. 

~)~'C~:'f:sr-?~~¾~ .•.•. Cl • 
' --... 

25µn 

Figure 5.14 Optical micrographs of the microstructure of the homogenized and 

HIP-ed 9Mn-0.66B alloy (etched). 
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Figure 5.1 5 SEM photographs of boride particles in a) 14Mn-0.24B alloy, b) 14Mn-

0.65B alloy. 

The volume fraction of the microconstituents in the alloys was measured by 

extracting the measured constituent from digital image and applying Java image 

analysis package by Jandel Scientific [11 7] to calculate the amount of this 

constituent. This method is presented in Fig.5.16. Second phase content in l 4Mn-

0.65B alloy was determined by analyzing 20 digital images. The amount of 

borides+needles was determined by processing 1 O images for each specimen and 

amount of needles in high Mn alloy (no.9) was determined by processing 5 digital 

images. 

Porosity was measured on unetched specimens and there was no need for 

extraction because these were the only features in the image and Java package 

could be applied directly. Details of the microstructural features are given in Table 

5.2. 
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Table 5.2 Composition and microstructural characterization of cubic titanium trialuminide alloys used for fracture 

toughness testing. 

Comoosltlon Vol, fraction Vol. fraction Vol, fraction 

Alloy Overall (at. %) Matrix (at. ?6) of sec, of needles+ of needles Porosity 

phase borldes + (?6) (?6) 

Al Tl Mn B Al Tl Mn (y1) (96) porosity (96) 

9Mn"1 66.2±0.2 24.7±0.2 9.2±0.2 - - - - - No borldes <1.0 <l 
9Mn-0.004B 65.8±0.1 25.5±0, l 8,8±0, l 0.004±0.001 - - - - No bortdes <1.0 <1 
9Mn-0.25B 66.7±2.1 24.2±1.0 8.9±0.3 0.25±0.007 65.7±0.3 25,0±0,2 9.3±0,2 - 2.2±0,2 <1.0 7 
9Mn-0.66B 65.1±2.l 25.2±1.0 9.0±0,3 0.66±0.02 65.4±0.3 25.1±0.5 9.5±0.1 - 3.4±0,4 <1.0 7 

14Mn•1 56.4±0.1 29.4±0.1 14.2±0.1 - 56.1±0.2 29.0±0.1 14.9±0,2 <0,5 No borldes l.0±0.1 <2 

14Mn-0.24B 57.6±1.9 28.5± 1.1 13.7±0.4 0.24±0.007 56,3±0,4 29,2±0.1 14.4±0.4 <0.5 3.5±0,6 <1.0 ? 
l 4Mn-0.658 53.6±1.8 31.9± 1.2 13.8±0.4 0.65±0.02 55.2±0.2 30.3±0.3 14.5±0.4 1.0±0.9 4.3±0.7 <1.0 7 

*) Obtained from EDS; the other overall compositions obtained from neutron activation analysis by the Becquerel Labs. 

Inc. (Mississauga, Ont.). All matrix compositions are obtained from EDS. 

?- Could not be measured by Java because of the similar appearance of the boride particles and pores. 
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Figure 5.16 Digital image processing: a) and b) High- Mn alloy (14Mn) and 

14Mn-0.65B 

14Mn-0.248 

extracted needle- like particles, respectively; c) and d) 

alloy and extracted second phase, respectively; e) and f) 

alloy and extracted needle- like particles + borides, respectively. 
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Figure 5.1 7 X-ray diffraction patterns of the alloys: a) boron-free, l 4Mn, b) l 4Mn-

0.24B, c) 14Mn-0.65B. 
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X-ray diffraction patterns obtained from alloys 14Mn, l 4Mn-0.24B and 14Mn-

0.65B are shown in Fig.5.17. It can be seen that all the diffraction patterns contain 

additional peaks. Majority of these peaks was identified as oxide peaks (TiO2 and 

AlzO3). The bulk samples were crushed and subsequently pulverized in a ceramic 

mortar using a ceramic pestle. In order to remove strains the powders were sealed 

in an evacuated tube and annealed at 1 000°C for 1 h. Oxidation of the powders took 

Ti a) 

AI 

sN 
i Ti 
-A .tA MnM ~ . A n 

Al 
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Ti 

Al 

N .. 

Al 

N 
! /'t. 

Ti 

Ti 
j I _j, 

Ti 

Ti 
.l 

b) 

Mn 
i Mn 

d) 

Figure 5.18 EDS energy spectra from boride particles in (a) 9Mn-0.66B and (c) 

14Mn-0.65B as well as from the Lh matrix in (b) 9Mn-0.66B and (d) 

14Mn-0.65B. 

place during annealing due to insufficient vacuum in the quartz tube and/or due to 

a high annealing temperature. Also the peaks from the AlsMns phase were detected. 
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It seems that this phase was formed during annealing due to depletion in Ti 

concentration (because of the TiO2 formation) (Appendix B, Fig.B.1 ). It can also be 

seen (Fig.5.1 ?b,c) that neither boride nor y1 particles were detected by x-ray 

diffraction. Additional X-ray spectrum obtained from a crushed and pulverized 

14Mn alloy (without any annealing to eliminate the oxide peaks) showed only peaks 

arising from the L l 2 structure. 

The calculated lattice parameters for boron-free 14Mn, l 4Mn-0.24B and 14Mn-

0.65B alloys are 0.3958 nm, 0.3953 nm, and 0.3959 nm, respectively. 

The presence of boron in particles from Fig.S .1 5 is confirmed by a windowless EDS 

analysis (Fig.5. l 8a,c). It is quite obvious that they are borides. Unfortunately, their 

stoichiometry could not be obtained from a windowless (qualitative) EDS analysis. 

The EDS analysis of the L12 matrix (Fig.5.18b,d) shows no presence of boron in the 

matrix of the boron-doped specimens. Most probably, the boron level is below 

detectability limit of a windowless EDS. After all, the presence of borides in the 

alloys with 0.24-0.2 Sat.% B and their absence in the alloy with 0.004at.% B (Table 

5.2) indicate, rather convincingly, that the solid solubility limit of boron in the L h 

matrix is somewhere between 0.004 and 0.24at.%. These numbers are definitely 

below the detectability limit of a windowless EDS. Additionally, some amount of 

boron in the matrix might have segregated to the grain boundaries depleting the 

matrix. 

As can be seen in Fig. 5.18 the EDS energy spectra show the presence of the 

nitrogen (N) peak in both borides and matrix. This peak has always been observed 

in each alloy fabricated in this work regardless of its composition. Most 

surprisingly, the N peak has also been observed in a specimen taken from a master 

aluminum-boron alloy (Al-3.2wt.% B) obtained from a supplier. Therefore, the 
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origin of this N peak is not well understood at the present moment. However, 

because it is observed in all the alloys, its potential effect (if any) on the properties 

can be neglected. 
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5.2 Load-Load Line Displacement (P-LLD) Curves from Bending 

Fracture Toughness Testing 

The following section shows the correlation of the appearance of the fracture 

surface obtained in fracture toughness testing of bend specimens and the 

corresponding load (P)- load-line displacement (LLD) curves. The purpose of the 

analysis presented here is to show the general trends in fracture response of the 

specimens whose fracture surfaces are characterized by various features. 

P-LLD curves for 9Mn alloy, SEPB-type specimen look similar for all specimens 

tested in air, water, argon, and vacuum (Figs.S. l 9a and 5.20). Their similarity stems 

from the fact that almost always the loading is linear to its maximum value. Just 

one specimen showed a small amount of a subcritical crack extension when tested 

at RT (Fig.5.20b no.3). This type of smooth crack extension was occurring more 

frequently at the highest testing temperatures, 800°C- 1000°C (Figs.5. l 9a no.6 and 

5.20a no.6). Very characteristic for specimens tested in liquid nitrogen is the saw­

toothed appearance of the initial P-LLD curves (Fig.5.20b; no.6). This is most 

probably caused by the dimensional instability of the loading jig due to difficulty in 

equilibrating the temperature. 

As in the case of the SEPB specimens, the CNB type specimens mainly fractured in a 

catastrophic manner, although even at RT a few specimens popped- in before final 

fracture (Fig.5 .1 9b no.1 ). Pop- ins were more often occurring at high temperature 

600°C- 1000°C (Figs.5.19b no.5,6, and 7). A feature that is common to both types 

of specimens is a rapid load drop after reaching the maximum load for the range of 

low to intermediate temperatures. Parameters that seem to control the amount of 

load drop are: test temperature, specimen's stiffness and grain morphology 

(equiaxed vs. columnar- having effect at high temperature due to changing mode 
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of fracture). Still some other fracture mechanisms are responsible for different 

behavior of specimens no. l and 2 in Fig.5.1 9b. The two specimens posses almost 

identical stiffness, loads to fracture and fracture toughness values but they fracture 
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Figure 5.20 Load vs. load- line displacement for: a) SEPB specimens tested in 
argon, b) RT tests in various environments and loading modes (9Mn 
alloys). 

differently. Possible explanation could be that specimen no.2 developed much more 

branching due to larger misorientation angles between grains which caused the 
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crack to propagate in a controlled manner after a rapid load drop. At high 

temperatures the amount of rapid load drop seems to decrease to a minimum 

(Figs.5.19a no.6 and 5.29b no. 6 and 7) and the curves display continuous change 

of the load during fracturing . Their fracture surface is in general very rough and 

non- planar due to IGF. 

P-LLD curves for boron-free l 4Mn specimens in the range from RT to ~400°C 

(Fig.5.21 a) and most of 9Mn+B and 14Mn+B specimens regardless of test 

temperature, exhibited numerous crack pop-ins on the initial portion of the curve 

(examples for 9Mn-0.668, 14Mn-0.65B, and 9Mn-0.25B are shown in Figs.5.22, 

5.24, and 5.26, respectively). The occurrence of these pop-ins is essentially 

beneficial because they provide a very sharp crack tip, most probably sharper than 

the one formed from an initial notch slot. Such a sharp tip satisfies a principal 

requirement of linear elastic fracture mechanics (LEFM). Curves for boron-free 

14Mn alloy at temperatures >400°C showed no pop-ins, but relatively smooth and 

linear behavior up to PM followed by a small load drop and a pronounced "tail" past 

PM (Fig.5.21 b). 
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Figure 5.22 Load vs. load- line displacement for 9Mn-0.66B specimens tested at: 
a) and b) RT; c), d) and e) 200°C. 

AJI the specimens of 9Mn-0.66B alloy in Fig.5.22 followed a fracturing pattern with 

numerous pop-ins. These short crack jumps are usually caused by the cleavage 

areas placed close to the notch tip (this statement is supported by analyses of P­

LLD curves and corresponding fractographs of 38 low- and high- Mn boron-doped 

specimens). Fig.5.23 shows examples of the corresponding fractographs. Frames 

a 1 and d 1 show CN crack tip at higher magnification. They were not recorded for 

the specimen (a) but their existence is not excluded. The tip of this specimen is well 

branched and this could give rise to very fine pop- ins beyond the detection 

resolution of the measuring equipment used in this study. The deep secondary 

crack in the specimen (a) (Fig.S.23a) possibly contributed to a gradual load drop by 

slowing down the crack propagation. Similarly, splitting of the grains also slows 

down the fracture. In this case, a relatively large grain which was common to both 
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halves of the specimen was cleaved dividing the grain into pieces and leaving the 

appearance of fracture surface as shown in Fig.5.23e. 

Figure 5.23 SEM fractographs of the specimens tested at: a) (higher magnification 

of the frame a 1 is also shown), and b) RT; c), d) (higher magnification 
of the frame d l is also shown), and e) 200°c (9Mn-0.66B alloy). 
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Figure 5.24 Load vs. load- line displacement for 14Mn-0.65B specimens tested at 
400°C. 

An example of different fracture behavior is shown in Fig.5.24 for two specimens of 

the same 14Mn-0.65B alloy tested at 400°C. Specimen (a) (Fig.5.24a and 

corresponding fractograph in Fig.5.2Sa) failed catastrophically down to zero load. 

In contrast, specimen (b) fractured through numerous pop- in events, supporting 

the load at its maximum level for long crack extension. Interestingly enough, both 

specimens had almost identical stiffness (their Ymin values differed by ~396), yet they 

failed at much different loads; specimen (a) at 14. 7 kG and specimen (b) at 8.5 kG 

resulting in toughness values of 9.4 and 5.7 MPa✓m, respectively. Specimen (a) 

showed a deep secondary crack at the notch tip (Fig.5.25a) and specimen (b) 

fractured on different, parallel cleavage planes at the tip (Fig.5.25b). The short 

crack jumps in specimen (b) could be caused by extensively developed branching 

emanating from the edge of the cleaved plane in a direction roughly perpendicular 
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Figure 5.25 SEM fractographs of the specimens (a) and (b) from Fig.5.24 tested at 
400°C (l 4Mn-0.658 alloy). Fractographs (a) represent two halves of 

the same specimen. bl shows a high magnification frame of the crack 

tip. 

107 



to the macroscopic crack propagation. No further reasonable explanation for the 

different behavior could be given by comparing fracture surfaces of both 

specimens. 
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Figure 5.26 Load vs. load- line displacement for 9Mn-0.25B specimens tested at 

1000°c. 

Another example of different fracture behavior is shown in Fig.5.26. Two 9Mn-

0.25B alloy specimens were tested at 1000°C. The two specimens, (a) and (b) 

(Figs.5.26a,b and corresponding fractographs in Fig.5.27a,b), differ in grain 

morphology. The equiaxed grains of specimen (a) make the fracture surface highly 

non- planar. In combination with 'unlocking' mechanism (for explanation see 

Section 6.2.2 in Discussion chapter) it makes the specimen capable of supporting 

~9096 peak load up to very long crack extensions. The small cleaved area at the 

notch tip was the crack initiation point and caused the occurrence of the crack 

jumps before reaching maximum load. The orientation of columnar grains 

(perpendicular to the crack propagation direction) in specimen (b) gave rise to ~50% 
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Figure 5.27 SEM fractographs of the specimens tested at 1000°C (9Mn-0.25B 

alloy) from Fig.5 .26. a 1 shows a high magnification frame at the 

crack tip. 

rapid load drop. Further loading of already much more compliant specimen (much 

lower stress intensity increase K) caused very stable crack propagation. Again, the 

specimen (b) exhibiting a load drop has much higher fracture load than specimen 

(a) resulting in fracture toughness values of 12.2 MPa✓m and 7.0 MPa✓m, 

respectively. 
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5.3 Dependence of Fracture Behavior and Fracture Toughness 

on the Grain Size in the Medium to Coarse Grain Range 

Two low- Mn ingots (boron-free "base" 9Mn-2 STi) (no. 1 8 and 1 9 in the Table 

5.1) of very similar composition and microstructure were deformed at 1 000°C at 

the deformation rate ~ 1 0-4 s-1 in order to induce dynamic recrystallization as 

described in the Experimental Procedures section. The one deformed ~50% 

underwent partial recrystallization (Fig.5 .28) and the other deformed ~ 70% 

completely recrystallized (Fig.5.29). 
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Figure 5.28 Optical micrograph of the partially dynamically recrystallized 

structure of the low- Mn alloy (boron-free "base" 9Mn-25Ti) (etched). 
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Figure 5.29 
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SEPB specimens were used for measuring fracture toughness at room temperature 

and a CNB specimen was used at 1 000°C. Fracture mode for both fully and partially 

recrystallized materials was 100% TGC at room temperature (Figs.5.30a and 5.31 a). 

For both alloys, however, a very small region of intergranular fracture (IGF) (approx. 

equal in size to the area shown in Figs.5.30b and 5.31 b) was found. The specimen 

Figure 5.30 SEM fractographs of the dynamically recrystallized SEPB specimen 

(deformed ~50%) and tested at room temperature; a} TGC region, b) 

higher magnification of IGF region. 
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tested at 1 000°C was partially dynamically recrystallized (~50% deformation). The 

fracture mode shown in Fig.5.32 is 1 00% IGF. It can be seen in Fig.5 .32a that the 

Figure 5.31 SEM fractographs of the dynamically recrystallized SEPB specimen 

(deformed ~70%) and tested at room temperature; a) TGC region, b) 

higher magnification of IGF region. 

columnarity of the cast alloy is still observed in the fracture surface of the 

recrystallized material. Fig.5.32b and c show higher magnification of the 

recrystallized equiaxed grains. 
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Figure 5.32 SEM fractographs of the partially dynamically recrystallized CNB 
specimen deformed ~50% and tested at 1000°C; a) columnarity of the 

fracture surface, b) and c) higher magnifications of the recrystallized, 

equiaxed grains. 
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As mentioned earlier, SEPB specimens were used for testing fracture toughness at 

ambient temperature and CNB was used at higher temperature (see Fig.5.32). The 

dependence of toughness on the remaining ligament length (RLL) for SEPB 

specimens for dynamically recrystallized material is shown in Fig.5.33. Partially 

recrystallized material (deformed to ~50% engineering strain) gives much weaker 

dependence than the entirely recrystallized material (deformed to ~ 70% engineering 

strain). 

It is now important to establish which fracture toughness values in Fig.5.33 obey 

the requirement of the plane strain condition. Calculation of this type requires the 

knowledge of the yield strength of the dynamically recrystallized material. Since it 

was not tested in tension/compression due to a very limited amount of material 

available, data from the literature could be taken for a similar alloy. Zhongjie et al. 

[l 3 S] reported a Hall-Petch dependence of yield strength for AIGsMn10 Tizs alloy 

given by equation: crv=cro+kvd-112 , where cro= 1 71 MPa and kv=3 70 MPaµm-1I2. 

Substituting the average grain size of 45µm estimated for the dynamically 

recrystallized material in the present work, the yield strength crv=226 MPa is 

obtained. Substituting this value into equation for the minimum RLL required [114] 

for the plain strain condition: RLL2:2.S(KQ/crvs>2, and taking KQ=4 MPa✓m, one 

obtains RLL2:783µm (line no. l in Fig.5.33). Now, the RLL value must be recalculated 

by taking new KQ=S.5 MPa✓m value which is the average of KQ values to the right of 

the line no. l. This new value RLL(S.5)~1476µm (line no.2) leaves only two data 

points with valid plain strain fracture toughness K,c=4 MPa✓m and 5.6 MPa✓m. 

However, Kumar et al. [42] reported much higher values of yield strength crv=320 

MPa for S0µm grain sized material. Repeating the procedure for finding valid K,c 

values for crv=320 MPa (described above) and assuming first KQ=4MPa✓m, the 
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RLL(4)=390µm is obtained (line no.3). This result is inherently inconsistent because 

all the data points in Fig.5.33 should be taken as Kie but they are strongly 

dependent on the RLL Taking new KQ=S.6 MPa✓m (there are only two potential 

values for Kie, 4 and 5.6 MPa✓m from Fig.5.33), the RLL(5.6)=76Sµm is obtained. As 

it was for the previous case, this result is also incorrect. Therefore, it seems that 

the value of the yield strength o-y=320 MPa given in Ref. [42] is too high for the 

alloy in the present work. For further considerations, 4.8 MPa✓m is taken as the 

valid plain strain toughness at RT for a fully recrystallized material with ~45µm 

grain size. 
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Figure 5.33 Dependence of the fracture toughness of the dynamically 
recrystallized low- Mn alloy on the remaining ligament length. 

Valid fracture toughness (K1cl at RT for specimens with various coarse as-cast grain 

sizes (assuming yield strength of 160 MPa [28] for a coarse-grained L12 
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trialuminide) are compiled in Table 5.3 (one data point corresponds to one SEPB 

specimen tested) and also presented in a graphical form in Fig.5.34. It seems, that 

valid plane strain fracture toughness values at RT do not show a dependence on the 

grain size in the wide range of grain sizes, 45- 1270 µm (Table 5.3 and Fig.5.34). 

Table 5.3 Kie values for various grain sizes. 

GRAIN Kie 

SIZE (MPam0-5) 

(um) 

1270 3.7 

690 4.8 

350 4.2 

Average 

45 value 

4.8 

PROCESSING METHOD ALLOY 

as-cast, homogenized and 65.7±0.2, 9.2±0.2, 25.2±0.1 

HIP-ed (no.4 in Table 5.1) 

as-cast, homogenized and 65.7±0.2, 9.2±0.2, 25.2±0.1 

HIP-ed {no.4 in Table 5.1) 

as-cast, homogenized and 65.7±0.2, 9.2±0.2, 25.2±0.1 

HIP-ed (no.4 in Table 5.1) 

dynamically recrystallized 64.8±0.2, 9.1 ±0.3, 25.4±0.3 

(70% deformed) (no.19 in Table 5.1) 

(50% deformed) 65.3±0.2, 9.1±0.1, 25.7±0.2 

(no.18 in Table 5.1) 
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Figure 5.34 Plane strain fracture toughness values vs. grain size. 
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Much more substantial grain refinement (nanostructure?) might be necessary before 

any improvement in fracture toughness would be achieved. This is experimentally 

explored in the section on toughness of powder compacts (Section 5.9). Only one 

specimen (CNB) partially recrystallized (Fig.5.32) was tested at 1000°C giving 

KQvM=7.8 MPa✓m. The average recrystallized grain size is from 10 to 50 µm. 

Despite this limited data it seems that the refinement of grain size increases 

slightly the fracture toughness at 1 000°C with respect to a very coarse-grained 

material exhibiting on the average ~4 MPa✓m (see the following section). 
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5.4 The Effect of Environment and Temperature on Fracture 

Behavior and Fracture Toughness of Coarse- Grained Boron 

Free Low- Mn Alloys. 

5 .4.1 Fracture Behavior (Fractographs). 

Room temperature fracture is 10096 transgranular cleavage (TGC) in all alloys 

tested. Characteristic features of this mode of fracture are presented in Figs.5.35, 

5.36 and 5.37 for boron-free, "base" 9Mn-25Ti alloy. Typical features are: 

extensive crack branching, very well developed cleavage steps, jagged flakes and 

secondary cracking. Precrack surface was usually much flatter and contained lower 

amount of various features. The kind of steps shown in Figs.5.36d and 5.37a but 

different from those in Figs.5.37b,c and d, is characteristic to pre-crack surface 

region. These cleavage steps resemble real steps with the edge in most cases being 

perpendicular to the direction of the crack spreading (Fig.5.36d). The steps 

characteristic of fast fracture region resemble the edges of plates or flakes on the 

fracture surface (Figs.5.35b, 5.36c, 5.37b,c, and d). Transition from precrack to the 

fast region of fracture in most cases was similar to the one shown in Figs.S.35a and 

5.37a. Starting from ~200°C the fracture mode becomes mixed with a very low 

fraction of IGF which increases with increasing temperature. Fig.5.38 shows mixed 

mode of failure at various temperatures. Fig.5.39 shows that in some cases cracks 

in the mixed mode of fracture originated at grain boundaries. 

Fig.5.40 shows dimpled and oxidized area of the grain boundary facet. The 

specimen was tested at 1 000°C. Such dimples were very rare and fraction of the 

dimpled surface was minimal on the grain boundary facets. The size of the dimples 

is much larger (~ order of magnitude) than the size of the dimples appearing on the 

fractured grain boundary facets of the specimen tested in argon (Fig.5.44). That 
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fact may also contribute to a high work of fracture obtained in tests in air (will be 

discussed in Section 5.5.3). 

Figure 5.35 Fracture surface features of the low- Mn boron-free, "base" 9Mn-25Ti 

specimens tested at room- temperature. 
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Figure 5.36 Fracture surface features of the low- Mn boron-free, "base" 9Mn-25Ti 

specimens tested at room- temperature. 
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Figure 5.37 Fracture surface features of the low- Mn boron-free, "base" 9Mn-25Ti 
specimens tested at: a) and b) room- temperature; c) and d) 500°C. 
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Figure 5.38 Mixed mode of fracture at higher temperatures, a) 400°C, b) 600°C 

and c) 800°C (low- Mn boron-free, "base" 9Mn-25Ti alloy). 
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Figure 5.39 Failure at elevated temperature (80O°C) in the mixed mode (low- Mn 

boron-free, "base" 9Mn-25Ti alloy) (higher magnification of the frame 

b is also shown). 
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Figure 5.40 Dimpled and oxidized grain boundary facets of the specimen tested at 
1 000°C (low- Mn boron-free, "base" 9Mn-25Ti alloy). 

Usually, the specimens tested in air showed some degree of oxidation. In some 

cases there is heavy oxidation (usually of the dimpled areas as in Fig.5.40). Cleaved 

surfaces never showed evidence of oxidation. Only exposed grain boundary facets 

were oxidized. There was no rule found in oxidizing the grain boundary surfaces. 

Sometimes they oxidized and in other cases they did not. 

Fig.5.41 shows fractographs of specimen tested in dry oxygen at room 

temperature. Figs.5.42 to 5.44 show fractographs of specimens tested in argon at 

various temperatures. No visual change is seen in the appearance of fracture 

surface of the specimens tested at room temperature in dry oxygen (Fig.5.41) and 

in argon (Fig.S .42), with respect to those tested in air. However, at 1 000°C, the 

specimen tested in argon shows in contrast to the specimens tested in air, the 

oxidation- free dimples (Fig.5.44). On the other hand, the specimen tested in 
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Figure 5.41 Low-Mn alloy tested in dry oxygen at room temperature. 

vacuum at 950°C (the highest temperature for these tests) did not show any 

formation of dimples (fractographs not shown here). In general, the formation of 

dimples on the grain boundary facets takes place only at the highest temperature 

(1000°C) and preferably occurs after some crack extension where the crack 

propagation rate is relatively low. 
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Figure 5.42 Characteristic appearance of fracture surface of the low-Mn alloy 
tested in argon at: a) RT; b) and c) 500°C. 
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Figure 5.43 Fracture surface of the low-Mn boron-free, "base" 9Mn-25Ti alloy 
tested in argon at a) 600°C-columnar grains, b) 600°C- equiaxed 

grains, c) 1000°C- columnar grains, d) higher magnification of cleaved 

columnar grains at 1000°c. 
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........ 

Figure 5.44 Oxidation- free dimples in the low-Mn alloy tested in argon at 

1000°c. 

One additional characteristic feature of fracture surfaces of specimens tested in 

argon at 1 000°C is that if the specimen has columnar grains and if those grains are 

long enough with respect to the specimen width they can cleave in transverse 

direction (Figs.5.43c and d) even though the overall mode of fracture is 

intergranular. 

To summarize, the mode of fracture for low- Mn boron-free, "base" 9Mn-25Ti alloy 

changes with temperature gradually but continuously and is entirely TGC at room 

temperature and 100% IGF at 1000°C. At around 500°C it is half transgranular and 

half intergranular as shown in Fig.5 .45 for CNB specimens tested in 4pt. bending in 

air. 
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Figure 5.45 Fracture mode dependence on temperature for low- Mn (9Mn-25Ti) 

alloy tested in air (CNB specimens in 4pt. bending). 
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Figure 5.46 Fracture mode dependence on temperature for low- Mn (9Mn-25Ti) 

alloy tested in air and in argon (SEPB). Number beside each data point 

shows fracture toughness. 
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Low- Mn boron-free, "base" 9Mn-25Ti alloy tested in argon showed lower 

percentage of intergranular fracture in the temperature range 300°C- 600°C than 

that tested in air (Fig.5.46). At other temperatures in the range RT- 1000°c the 

modes of fracture in air and argon are similar. The numbers beside the data points 

designate toughness values. It must be added that the fracture mode dependence 

on temperature in air is similar for SEPB and CNB specimens. 

5 .4.2 Fracture Toughness 

All the details regarding fracture toughness testing- modes of loading, test 

temperatures, tests environments, specimen dimensions and notch geometry, and 

the results of testing are given in the Appendices D, E, F, and G. 

Fracture toughness tests were performed on two different types of specimens: 

single-edge-precracked-beam (SEPB) and chevron-notch-beam (CNB) specimens. 

The reason is to have more confidence in the obtained results. There are no 

restrictions regarding mode of loading for CNB specimens- 3pt. bending (according 

to E 399 Standard for SEPB type of specimens) or 4pt. bending. However, as will be 

seen, 3pt. bending of CNB specimens produced toughness results much different 

from those obtained in 4pt. bending on CNB specimens and 3pt. bending on SEPB 

specimens (the latter two gave very similar results in the entire temperature range}. 

Therefore, not much attention will be given to 3pt. bending of CNB specimens due 

to this discrepancy. The use of the variety of the specimens tested- variety in 

specimen size, in notch geometry, and in S1 /52 ratios is justified by curiosity of the 

results of such configurations, sometimes by the material availability and still in 

other cases by the intention of (for example) changing the character of fracture 

process, i.e. the desire to obtain subcritical crack growth (in CNB type specimen). 
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One could get easily confused by this variety and have difficulty in accepting the 

results as being universal. This problem is solved by applying the plane strain 

validity check on conditional fracture toughness KQ (for SEPB specimens) and KQv 

(for CNB specimens). If the test conditions satisfy such a check, the KQv values are 

treated as universal plane strain fracture toughness values (i.e. they are fully 

comparable). In some cases there was no confidence in the results due to different 

behavior of fracture toughness with temperature, then the specimens were cut into 

two halves and tested again. Such tests confirmed the results obtained on bigger 

specimens. The methodology of testing was such that one specimen was tested at 

the given temperature in the entire temperature range (usually with the 

temperature interval of l 00°C or 200°C depending on the number of specimens 

available). Subsequent calculations of provisional fracture toughness Kn and Knv 

allowed determination of the temperature at which additional tests should be 

performed. Similar approach was applied to toughness testing in various 

environments, especially in argon (it will be justified later on). If not stated 

otherwise, the results presented were obtained on boron-free "base" 9Mn-25Ti 

single phase intermetallic alloy. 

For SEPB specimens, fracture toughness depends on the remaining ligament length 

(RLL) (Fig.5.47). If the minimal value of the RLL (RLL=W-a) is calculated by taking 

Kn~4.0 MPa✓m and crys~l 60 MPa [28], then it follows that: RLL ~ 2.5(Kn/crys)2 

~ 1 560µm [114]. The RLL dependence of toughness at temperatures from 1 00°c to 

1000°C is not that obvious as that at RT and seems to disappear at high 

temperatures (Fig.S.48). 

The temperature dependence of toughness for SEPB and CNB specimens tested in 

air is presented in Figs.5.49 and 5.50, respectively. A broad peak of toughness 
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determined with the SEPB specimens appears in the temperature range ~200-500°C 

(Fig.5.49) and its existence is also confirmed by toughness tests on CNB specimens 

in four point bending (Fig.5.50). 
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Figure 5.47 Dependence of toughness on the remaining ligament length (RLL) at 

room temperature (RTI. 
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Figure 5.49 Temperature dependence of fracture toughness for SEPB specimens in 

air. 

Plane strain validity lines are also shown in Figs.5.49 and S.SOa. They were 

calculated from the standard equations: B ~ 2.5 (KQ/crvs>2 (or alternatively Kie :S 

✓(Bcrvs2 /2.5) for the SEPB specimens [114] and B ~ 1.25 (KQvM/crvs>2 (or alternatively 

KQvM :S ✓(Bcrvs2 /1 .25) for the CNB specimens [11 5]. KQVM is the fracture toughness for 

chevron notch specimen calculated from the maximum load as described in Section 

4.5 .4. The yield strength crvs= 160 MPa [28] (almost constant in the entire 

temperature range from room temperature to 1000°C) for a coarse-grained Mn­

stabilized titanium trialuminide and specimen thickness B=4 mm were taken for 

SEPB specimens, 8=4.8 mm for large CNB and 8=2 .S mm for small CNB specimens 

(see Tables C.2, C.3, and C.4 with the dimensions in Appendix C). 
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It seems that most of the KQ values for SEPB specimens in the 200- 600°C range are 

not valid plane strain K,c values (Fig.5.49) but still the remaining values close to and 

below the validity line show the peak in the temperature range 200°C- 600°C, 

although much shallower. However, Fig.S.50 shows that all the KQvM values for large 

CNB specimens lie below their validity line. 

Similar analysis can be applied to the small CNB specimens. Strict condition for the 

plane strain fracture toughness requires that valid values lie below the line no.2 in 

Fig.5.S0a which makes an impression that most of the KQvM values in the 200-

600°C range are not valid. However, because all the KQVM values for the small CNB 

specimens lying below the line no.1 in Fig.5.S0a fall into the same scatter band as 

the large CNB specimens, then also KQvM values for small specimens could be 

considered as valid values. 

Material parameters that could affect the toughness values are the grain size and 

grain morphology. The grain size effect was already discussed in Section 5.4 and 

the grain morphology influence on toughness is shown in Figs.5.49 and 5.50b. The 

fracture toughness values of the specimens with equiaxed and columnar grains are 

contained in the same scatter band and there is no dependence of toughness on 

the morphology of grains. 

The reasons of higher values of toughness obtained with the CNB specimens in 

three point bending (Fig.5.51) are not known. The huge scatter could possibly be 

the result of misalignment for each test (3pt. bending is more susceptible for 

misalignment than 4pt. bending). However, the alignment within 0.5 mm is easily 

achieved here and that would cause just a minimal scatter in KQVM values. 
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Figure 5 .51 Fracture toughness dependence on temperature for CNB specimens in 
3pt. bending, tested in air. 

Fracture toughness dependence on the RLL in vacuum {~ 1 .Sxl O-7 Torr) at room and 

the entire temperature range is presented in Figs.5.52 and 5.53, respectively). It is 

clear that KQ depends on RLL at room temperature. The rack of dependence of 

toughness on the ligament length at higher temperatures is possibly related to the 

increasing fraction of intergranular fracture with increasing temperature. Fracture 

toughness vs. temperature in vacuum is shown in Fig.5.54. Therefore, the peak of 

toughness which is observed at ~400 °c in Fig.5.54 can be considered as a true 

peak. 
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Figure 5.52 Toughness vs. ligament length at room temperature in vacuum (SEPB). 
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Figure 5.54 Toughness vs. temperature in vacuum. 

Toughness obtained in argon (Fig.S.55) does not show any dependence on the 

remaining ligament and it remains almost constant in the entire temperature range 

(Fig. 5. 5 6). 
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Figure 5.55 Toughness vs. ligament length in argon at various temperatures. 
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Figure 5.56 Toughness vs. temperature in argon at various temperatures. 

The synthesis of toughness results in various environments for SEPB specimens in 

3pt. bending is shown in Fig.5.57. Fig.5.57a shows a strong dependence of fracture 

toughness, KQ, on the remaining ligament length but no clear dependence on the 

environment at ambient and liquid nitrogen temperature. It seems that the L l 2 

titanium trialuminide is completely immune to the water vapor- hydrogen 

embrittlement and its cause of brittleness at ambient temperatures is other than 

environment. 

Another interesting and rather striking feature of the toughness results observed in 

Fig.5.57b is that the peak of toughness is not observed in argon, i.e. KQ in argon is 

essentially independent of temperature up to l 000°C. The lack of the broad 

toughness peak at the 200- 600°C range in argon also confirms unequivocally that 

the peak observed in air and vacuum is unrelated to the plane strain validity of the 

results but is a true fracture toughness peak. Additionally, toughness seems to be 
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insensitive to the length of the remaining ligament at all the temperatures in the 

range of ligaments tested (Fig.5.58). 
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Before getting into a discussion concerning interpretation of the obtained 

toughness results it is necessary to consider how trustworthy are the measured 

values of fracture toughness employing CNB specimens. A customary plane strain 

validity check as described in several preceding sections (Sections 4.5.4 and 5.5.2) 

indicates that most of the CNB (KQVM) values obtained at the RT-200°C and 800-

1 000°C ranges are valid plane strain fracture toughness values. However, as shown 

in Section 5.3 the registered P-LLD curves in most cases of testing at ambient and 

elevated temperature did not exhibit a typical region corresponding to a stable 

crack extension which is a salient requirement of the CN testing methodology. A 

criterion for validity is the appearance on the loading curve, a smooth change in 

specimen compliance which is indicative of the stable crack extension. In contrast a 

sharp drop in the load usually indicates dynamic pop- in, and may take place at 

loads which would yield KQv values significantly higher than that measured on the 
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same material by other techniques. This behavior is interpreted to mean that no 

sharp crack occurred in the chevron until a load was reached such that the crack 

poped- in to a position beyond the point at which it is stable. The lack of evidence 

of a stable crack extension preceding PM in this work as shown by P-LLD curves in 

Section 5.3 is contrary to the expectations resulting from the theoretical approach 

to the chevron-notch geometry. However, such a behavior is not unique and has 

also been observed for chevron-notch testing for intermetallic, metallic and 

ceramic materials by other researchers [33,36,39,40,44-46]. The reported values of 

fracture toughness were rather conservative despite that no measurable crack 

extension preceded PM. 

A comparison of the provisional fracture toughness values obtained using CNB 

specimens (KoVM) and SEPB specimens (KQ) for titanium trialuminide alloy at RT 

(because of the lowest scatter of data) shows very similar values (Figs.5.49 and 

5.50). This fact proves the applicability of the CNB method for fracture toughness 

measurements in this alloy. There is not much published literature regarding this 

matter and one is that by Withey and Bowen [136). Lack of publications is most 

probably caused by extreme difficulty in introducing proper precracks in brittle 

materials for comparative purposes. Withey and Bowen [136) indicated that in 

brittle materials (KQ~4.0 MPa✓m) it appears that valid toughness values may be 

obtained even without any indication of non- linear compliance changes prior to 

failure. 

Interestingly, stable crack growth (very often until final fracture) can be easily 

obtained in ceramic material if the notch is designed properly (i.e. small notch 

width, large a.1~ 1 and ao~0.2-0.3) for this purpose. 
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Sung and Nicholson (13 7] showed that ceramic specimens were overloaded in 

fracture tests using CN method. Tests on the precracked CNB specimens 

(precracking was done at very low loading rate of 0.01 mm/min) showed that the 

specimens were fracturing at lower loads (giving lower Kie valid values) [137]. Any 

extent of precracking < a.m was judged in their work by the occurrence of a 

subsequent stable crack- growth region. 

In this work, additional tests were performed on CNB precracked specimens in 

order to exclude the possibility that the blunt chevron-notches are responsible for 

catastrophic fracture. The precracks in CNB specimens were thermally tinted by 

exposure to a high temperature (~800°C) for ~2min (they followed the same 

procedure as SEPB specimens). Subsequently, the specimens were tested in 4pt. 

bending. After tests, the notch dimensions and the precrack lengths were measured 

under optical microscope using Java software. For each tested specimen, the stress 

intensity factor coefficient function Y* was calculated on the basis of the specimen 

and notch dimensions, and 51 /S2 ratio as a function of the normalized crack length. 

Figs.5.59 and 5.60 show the v· curves for pre-cracked 9Mn-0.004B (alloy no.9 in 

Table 5.1) and base 9Mn-25Ti alloy, respectively. Table E.1 shows the specimen 

specifications and KQvM values. 

The parameters a.m and apr in Figs.5.59 and 5.60 are the critical normalized 

chevron-crack length (a.m=am/W) , corresponding to the minimum stress intensity 

factor coefficient, Y* mfn, and normalized chevron-precrack length (apr=apr/W), 

respectively. The am values were calculated from the condition a.m=dY*(a)/da.=0 and 

Ymin from equation Ymin=Y*(am). The normalized precrack length, Cipr, for each 

specimen is also shown on the graphs of v· vs. a. in Figs.5.59 and 5.60. In those 

specimens in which apr<am the KQVM was calculated according to equation 2.3 in 
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Section 4.5.4. However, for specimens in which apr>a.m the KQvM was calculated 

according to the same equation but Y min was replaced by the actual value of the 

stress intensity factor coefficient Yapr(a.pr). 
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Figure 5.59 Crack length dependence of Y* for CNB specimens of the 9Mn-0.004B 

alloy. Number beside each curve designates the Y* function for each 

specimen tested. 

For 9Mn-0.004B alloy, the calculated KQVM values are in the 4.5- 6.3 MPa✓m range 

(Table E. 1) and are very similar to those obtained using unprecracked notches for 

this alloy (Tables C.6 and C. 7), even though the precracked specimens were quite 

wide with respect to the support span 51 (low ratio S1 /W=2.8). 

Fig.5.60 shows v· vs. a for the pre-cracked CNB specimens of alloy no.4 in Table 

5.1. For curves 1-4, the ratio S11w~2.B. For this alloy and specimen configurations 

the calculated fracture toughness values are higher than those obtained on 

unprecracked CNB specimens of similar 9Mn-25Ti, base alloy (Table C3). This 
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difference can not be attributed to the fact that calculations of toughness for long 

precracks bear high errors in v• values due to the steepnes of the Y- curves, because 

v· curves are quite flat (Fig.5.60, curves 1-4). Reasonable explanation for higher 

toughness obtained on the precracked CNB specimens than on the unprecracked 

CNB specimens of the similar alloy (Tables E. 1 and C.3) could be the low S1 /W=2.8 

ratio. Short specimens were used due to lack of material left. However, as was 

shown earlier for 9Mn-0.004B alloy, the toughness obtained on the precracked CNB 

specimens was comparable to that obtained on unprecracked CNB specimens 

despite the low S1 /W=2.8 ratio. Therefore, it seems that using the low S1 /W ratio in 

4pt. bending of CNB specimens is unreliable for fracture toughness measurements. 

For curves 5 and 6 in Fig.5.60 the ratio S1 /W=S.2 and 6.0, respectively and is 

relatively high but still the toughness calculated for the specimens 5 and 6 is higher 

than that obtained on unprecracked CNB specimens of similar 9Mn-25Ti, base alloy 

(Tables E. 1 and C.3). However, Y* curves for specimens 5 and 6 are very steep past 

am due to the high ratio of S1 /S2 and this steepnes could contribute to high errors 

in toughness calculation because small variation in precrack length measurements 

cases large variations in Y*(apr). 

For the type of study presented above, short precracks are preferable (apr<am). 

However, they are difficult to obtain. One reason is that they can not be observed. It 

can be concluded that the presence of a sharp crack in CNB specimen does not 

assure valid (when compared to K,c values obtained by SEPB specimens, Table C.2) 

KQvM values. This could be due to either low S1 /W ratio or the long precracks or due 

to both simultaneously. 

For the purpose of comparison of fracture toughness obtained on unprecracked 

and precracked CNB specimens, the SEPB specimens of the B- doped alloy (no.9) 
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were also tested. The KQ values in this case should be presented as a function of the 

remaining ligament length (RLL) (Fig.5.61 ). Valid Kie values are those for which the 

plane strain condition is fulfilled: B ~ 2.S(K,c/crv>2=2.95 mm, taking K1~S.S and 

crv= 1 60 MPa [28]. 
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Figure 5.60 Crack length dependence of V- for CNB specimens of the 9Mn alloy. 

Valid Kie values are in the 5.2- 5.9 MPa✓m (Table E. l) range and are very similar to 

those obtained with unprecracked CNB specimens for this alloy (Tables C.6 and 

C. 7), even though the s1w~2.8 ratio is lower than the recommended ratio, S/W=4 

(ASTM E399). These Kie values are also similar to the KQVM values obtained on the 

precracked CNB specimens (Table E.1) of the same alloy. 
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Figure 5.61 Fracture toughness dependence on the RLL in SEPB specimens of the 

9Mn alloy. 
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5 .4.3 Relationship Between Work of Fracture and Fracture Toughness 

Figs.5.62a and b show the work of fracture versus RLL at RT and in the temperature 

range from l 00°C to 1000°C, respectively. It fs seen that there is lack of 

dependence of work of fracture on the RLL. 

800 

~ 
E --, -w 
cc 
::::, 
t-
(.) 
<( 
a: 
u. 
u.. 
0 
::ii:: 
a: 

i 

;;;­
E 

;:::; 600 -w 
cc 
::::, 
t-

~ 400 a: 
u.. 
u.. 
0 

~ 200 
0 ;: 

0 

6000 

5000 

4000 

3000 

2000 

1000 

0 

• 
3pt bending (SEPB) 

• • 
• • 
• 

800 1200 1600 2000 2400 2800 
LIGAMENT LENGTH (W-a)(µm) 

181 AIR- ~gt. bending {SEPB} 

+-100"C 
<> • 200 °C 
X -300 °C 
fil-400 °C 
o -500 °C * .t:..-600 "C 

* v-700°C 
*-800 "C 

181 
1(181 

X--900 "C 

* EB-950 "C 
C!?:1-1000 °C 

A .6.. 
EB V 

Cl 
+ * 

0 
a .1::,,. 

o'v 
◊~: 

~ 
Cl 

* A◊ 
Cl 

0 
X ◊a ◊ 

600 900 1200 1500 1800 2100 2400 2700 
LIGAMENT LENGTH {W-a) (µm) 

Figure 5.62 Dependence of work of fracture on the RLL, a) at RT, b) in the 1 00°C to 

1000°C temperature range. 
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The temperature dependence of the work of fracture is presented in Figs.5.63 and 

5.64 for SEPB and CNB specimens, respectively. 
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Figure 5.63 Temperature dependence of the work of fracture for SEPB specimens. 
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Figure 5.64 Work of fracture dependence on temperature for 4pt. bending of CNB 

specimens. 

Regardless of the specimen type (SEPB vs. CNB) used for testing the work of fracture 

shows different dependence on temperature than toughness. It increases slowly but 
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continuously and shows abrupt increase at ~800°C. Increasing work of fracture can 

be attributed to increasing fraction of intergranular mode of fracture with 

temperature which means high work required to overcome friction between grains 

being pulled out (this will be discussed in more detail in Discussion chapter) and 

also possibly to the decrease of Young's modulus with increasing temperature 

(through the equation 'YWoF=K2 / E [138], assuming that the elastic modulus 

decreases much faster with temperature than K). 

Fig.5.65 shows the stress intensity calculated from the work of fracture (K,woF) 

according to the following equation [138-140]: 

K IWOF = c2£ r woF > 
112 

where ywoF- the work of fracture and E' is the effective elastic modulus, i.e. E'=E for 

the plane stress and E'=E/(1-v2) for the plane strain. Since for the L 1i AhTi(Mn) 

intermetallics the value of Poisson's ratio, v, is barely 0.11 [8] then the term can be 

practically neglected. The values of elastic modulus, E, of L12 AhTi(Mn) at a given 

test temperature were calculated assuming that it had the same temperature 

dependence as the elastic modulus ofTiAI reported by Nakamura [141 ]: 

Er = £ 0 - 0.0342 T at (25-935°C) 

where the elastic modulus for L12 A'3Ti(Mn) at room temperature Eo=l 74 GPa [8] 

and Tis temperature in °c. 

A comparison of Figs.5.49 and 5.50 with Fig.5.65 shows that for every test 

temperature the stress intensity factor calculated from the rwoF, K,woF > KQ (or KQvM), 

calculated from the maximum load. Tables 5.4 and 5.5 show the average stress 

intensity factor K,woF and work of fracture 'YWOF for large CNB (4pt.) and SEPB (3pt.) 

specimens, respectively. 
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Table 5.4 Average stress intensity factor and work of fracture for large CNB (4pt.). 
DESIG- T K1woF WF 

NATION [OC] [MPamo.sJ [;/m2J 
l. ALTILl RT 11 350 

2. ALTIL9 RT 6.5 121 

3. ALTIL2 200 17 865 

4. ALTIL10 300 14.2 615 

5. ALTILS 400 24.5 1870 

6. ALTIL7 600 21 1442 

7. ALTILl 2 800 38.3 5004 

8. ALTILl 4 800 49 8189 

9. ALTILl 1 900 23 1857 

10. ALTIL6 1000 22.8 1860 

11. ALTILl 3 1000 46.2 7632 

Table 5.5 Average stress intensity factor and work of fracture for SEPB (3pt.). 

DESIG- T KiwoF WF 

NATION [°C] [MPamo.s] 01m2J 
1. 1sh16 RT 9.3 246 
2. 12sh16 RT 16.4 770 
3. 18shl 6 RT 6.2 109 
4. l 9sh16 RT 9.2 243 
5. 20shl6 RT 8 184 
6. 21sh16 RT 7.8 177 
7. 5shl 6 200 19.2 1107 
8. 13sh16 200 12.7 487 
9. 30shl6 200 8 193 

10. 3lsh16 200 14. l 602 
11. 6sh16 400 14.6 662 
12. 1 Ssh 16 400 22.3 1548 
13. 22shl6 400 15.9 792 
14. 29sh16 400 10.7 355 
15. 9sh16 500 19.9 1260 
16. 14shl 6 500 12.8 519 
17. 23shl6 500 17.7 997 
18. l 6sh16 600 25.1 2054 
19. 24shl 6 600 24.6 1976 
20. 27shl 6 600 16.3 871 
21. 25sh16 700 23.9 1900 
22. 8shl 6 800 34.6 4093 
23. 17sh16 800 13.4 615 
24. 28sh16 800 32.7 3658 
25. 4shl6 1000 28.1 2820 
26. 11 shl 6 1000 40.2 5785 
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Figure 5.65 Stress intensity KiwoF dependence on temperature. 

SEM fractographs shown in Figs.5.66a, b, and c represent specimens with the upper 

bound of work of fracture ~6000 J/m2 (for specimens shown in Figs.5.63 and 5.64). 

Fractographs d) and e) represent specimens exhibiting identical and rather low 

values of work of fracture ~2000 J/m2, and specimen f) tested in argon showed 

intermediate, ~3000 J/m2 value of work of fracture. All the specimens which 

exhibited very high work of fracture are characterized by a very well developed and 

non- planar fracture surface with, most probably, equiaxed grain structure whereas 

those which exhibited low work of fracture values show much flatter fracture 

surface with preserved columnar structure of grains, lying in the plane of fracture. 
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Figure 5.66 Fracture surfaces of the specimens tested at: a)3pt. SEPB (ywoF=5785 

J/m2), b)4pt CNB (ywoF=7632 J/m2) and d) ()'WoF= 1860 J/m2) 1000°C in 

air, c) 4pt. CNB (yWoF=8189 J/m2) 800°C in air, e) 4pt. CNB (YWoF= 1857 

J/m2) 900°C in air, f) 1000°c in argon (3pt. SEPB) {yWoF=31 l 3 J/m2). 
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5.5 The Effect of Grain Orientation on Fracture Toughness in 

Air 

Set- up description. 

Electron Back Scatter Pattern (EBSP) was used to determine the crystallographic 

orientation of grains. EBSP is a microtexture facility for obtaining electron 

diffraction data from bulk samples in the scanning electron microscope (SEM). The 

measurements were done on a Philips XL30 SEM. Fig.5.67 shows a photograph of 

the EBSP hardware set- up for an XL30 SEM. 

Figure 5.67 EBSP hardware set- up for a Philips XL30 SEM. 

Information from EBSP appears as bright bands, geometrically arranged on a 

monitor or photographic film (Fig.5.68). The arrangement of these bands (Kikuchi 

lines) is unique to a certain crystallographic orientation and crystal symmetry. 

Crystals of the same structure will thus show different patterns when oriented 

differently. Fig.5.68 shows the schematics of formation of pairs of Kikuchi lines 

and the components of an EBSP system. In a typical EBSP investigation first the 

standard calibration routine is carried out to align the microscope/ specimen/ 
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diffraction pattern geometry. Then, regions of interest on the specimen are 

identified (for example every grain in a specific area as illustrated schematically on 

Fig.5 .69) and a stationary probe sited on each selected sampling point, whereupon 

an EBSP is obtained and can be 'indexed' by a computer. Data from each grain is 

finally stored for further processing or output. 

HAMATSU SILICON INTENSIFIED TARGET csrn TV CAMERA 

LEAD 
GLASS 
WINDOW 

CAMERA 
CONTROL 
UNIT 

Figure 5 .68 Components of an EBSP system. 

ELECTRON BEAM 

PC 

The orientation data are made available in many different formats such as absolute 

orientations, misorientations, pole figures, inverse pole figures and Euler angles. All 

these different formats are derived from the orientation matrix, i.e., the orientation 

measurement expressed as 3x3 matrix. This matrix defines a three- dimensional 

orientation of crystal axes (l 00]. (01 OJ and [001] with respect to some reference 

axes, usually directions related to macroscopic or microscopic features recognized 
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in the specimen (e.g. grain shape). The orientation of these features with respect to 

the microscope stage O<s. Ys, and Zs) must be specified in Crystal Orientation 

Software. 

Figure 5.69 Schematic illustration showing a polycrystalline microstructure which 

contains a crack. Typical EBSP sampling sites are marked. EBSPs arising 

from two of the sampled sites are depicted. 

Figure 5.70 EBSP pattern obtained from Lh 9Mn-25Ti titanium trialuminide 

AhTi(Mn). 
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Specimen preparation. 

The bend- test specimens of boron-free "base" 9Mn-25Ti alloy were prepared for 

EBSP analysis using the following method. Half of each broken specimen was 

mounted in a phenolic metallographic mount such that a transverse face of the 

bend specimen was exposed for grinding and polishing. The exposed transverse 

face of the specimen was subsequently ground, polished and chemically etched to 

reveal grain boundaries. 

The transverse section of each specimen was oriented such that the surface normal 

was inclined at 68 deg relative to the incident electron beam. The spot size used 

was 6.0. When the electron beam was focused on one grain on the polished surface, 

an EBSP was obtained and the crystal orientation within the grain was determined 

(Fig.5.70). Crystal- orientation information was stored in the form of an orientation 

matrix prescribing the orientation of the crystal axes relative to the specimen axes. 

To identify the crystal orientation of fractured grains, EBSPs were obtained from 

those grains that were exposed on both the polished surface and on the fracture 

surface, as, for example the grains labeled 4 through 7 in Fig.5.71. When the EBSP 

analyses were complete, conventional SEM micrographs were taken of the polished 

and etched plane near the fracture surface and of all other spots in which crystal 

orientations had been determined. 
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Figure 5.71 Schematic diagram showing specimen geometry used for local grain 

orientation determination during EBSP measurements. 

Crystal orientation analysis. 

Examples of grain orientation determination are shown in Figs.5.72, 5 .73 1 and 

5. 74. The columnar grains in those figures are additionally elongated because the 

specimens were tilted ~70° for EBSP and the obtained images were not corrected. 

The results of orientation determination for all the grains and for the fractured 

grains (numbered 43-47 in Fig.5.74) are presented in the syntheticai form (pole 

figures) in Fig.G.5 for the specimen tested at 1000°C. Additional pole figures for 

specimens tested at RT, 200°C, 400°C, 600°C and 800°C are presented in Fig.5.75 

and Figs.G. l, G.2, G.3 and G.4, respectively (Appendix G). 
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Figure 5.72 Schematics of the grain orientation determination in the specimen of 
the 9Mn alloy tested at l 000°C, a) SEM photograph (not corrected for 

tilt) with numbered columnar grains, b) pole figures for grains in (a). 
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Figure 5. 73 Schematics of the grain orientation determination in the specimen of 
the 9Mn alloy tested at 1000°C, a) SEM photograph (not corrected for 

tilt) with numbered columnar grains, b) pole figures for grains in (a). 
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Figure 5.74 Schematics of the grain orientation determination in the specimen of 
the 9Mn alloy tested at 1000°C, a) SEM photograph (not corrected for 

tilt) with numbered columnar grains, b) pole figures for grains in (a). 
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Figure 5.75 Pole figures for grains in the specimen of the 9Mn alloy tested at RT; 

a), b), and c) for all the grains measured; d), e), and f) for the fractured 

grains. 
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It is known that FCC metals usually have columnar grains with [100) normal to the 

mold waif [142]. The L l 2 titanium trialuminide specimens tested in this work 

comply with this general rule. In all the cases studied, the axis of columnar grains 

were parallel to [100] direction. This texture is clearly seen in Figs.5.72, 5. 73 and 

G.5 where [001] projections are placed in a relatively narrow band at 90° to the rd­

grains axis direction [1 00]. In the [111] projections the poles are located along a 

band at an angle 54° 44' from the rd [100] direction. 

The pole figures for the fractured grains no.5-10, 1-6, 1-7, 1-4, 1-8, and 43-47 

are shown in Fig.5. 75d,e,f and G.1 - G.5 (d,e,f), respectively. The central portions of 

the fracture toughness beams (the fracture region) contained equiaxed grains and 

there was no texture present. Therefore, the equiaxed grains were randomly 

oriented. There were also many toughness specimens that contained columnar 

grains in the fracture region. However, these cases were not studied here. 

The graphs already presented in Figs.5.49 and S.SOb show that toughness is 

independent of grain morphology. Since the EBSP studies have shown conclusively 

that columnar grains are strongly textured and equiaxed grains are randomly 

oriented, then one can conclude that there is no fracture toughness dependence on 

grain orientation. 

Using grain orientation matrices, misorientation calculations of two (adjacent) 

crystals about their common axis were performed. Figures 5.76, 5.77, and 5.78 

show the misorientation angle distribution for the grains whose boundaries were 

well etched (and thus the common boundaries of grains could be determined) of 

the specimens tested at RT, 200°c and 1 000°C, respectively. It is seen that most of 

the boundaries are the high- angle grain boundaries. 
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Figure 5. 76 Misorientation angle distribution for the specimen of the 9M n alloy 

tested at RT . 
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Figure 5.77 Misorientation angle distribution for the specimen of the 9Mn alloy 

tested at 200°C. 
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5.6 The Effect of Boron and (Manganese + Titanium) 

Concentrations on Vickers Microhardness and Toughness 

Table 5.6 shews the average microhardness values (HV2) of the alloys studied. The 

average microhardness of the high-(Mn+ Ti) alloys is 50- 70% higher than their 

low-(Mn+ Ti) counterparts. This increase in microhardness does not seem to be the 

result of boron doping. The 9Mn-type alloys having almost constant Ti 

concentration c~2s at%) exhibit only a very small increase of hardness when doped 

with 0.25 and 0.66 at% B. Therefore, the higher hardness of boron-free and boron­

doped 14Mn-type alloys might be the result of increasing Ti concentration, or a 

combined effect of Ti+Mn (this problem will be discussed later on). 

Table 5 .6 Vickers microhardness at 2000g load and the Ti concentration in the 

matrix (Table 5.2 in Section 5.1) of cubic trialuminide allovs. 

HV2 Ti concentration 

Alloy [kg/mmz] in the matrix from Table 5 .2 
[at.%] 

9Mn 163±4 24.7±0.2 

9Mn-0.004B 164±6 25.5±0.1 

9Mn-0.25B 170±3 25.0±0.2 

9Mn-0.66B 171±4 25.1±0.5 

14Mn 244±3 29.0±0.1 

14Mn-0.24B 246±7 29.2±0.1 

l 4Mn-0.65B 294±12 30.3±0.3 

All the details relevant to fracture toughness testing of boron-doped alloys are 

given in the Appendix C. Table 5.7 shows the average CNB specimen dimensions (B 

and W) and spans (51 and S2) for the alloys tested, compiled on the basis of data 

from Appendix C. 
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Table 5.7 Dimensions of CNB fracture toughness specimens. 

Alloy B [mm] W[mm] Span Sl [mm] Span S2 [mm] 

9Mn 4.8±0.2 I 4.8±0.2* 5. 7 ±0. 8 / 5. 1 ±0. 3 * 25/16 9/4 

9Mn-0.004B 5. 8 / 3. 8±0. 3 * 8.3 /5.8* 25/16 4.5/4 

9Mn-0.25B 4.5±0.2 5.7±0.1 25 4.5 

9Mn-0.66B 4.5±0.1 5.4±0.S 25 4.5 

14Mn 4. 1 ±0. 1 / 4. 1 ±0. 1 * 4. 1 ±0. 1 / 5 . 1 ±0. 1 * 16/16 4/4.5 

14Mn-0.24B 4.5±0.1 5.8±0.1 25 4.5 

14Mn-0.65B 4.4±0.2 5.6±0.3 25 4.5 

* Specimens with two sets of dimensions 

As described in Section 5 .2, a characteristic feature of the load (P)-load line 

displacement (LLD) curves for boron-free "base" 9Mn alloy up to about 800°C, was 

a linear behavior up to the maximum load (PM) and then a sudden drop of the load. 

At room temperature (Rn this drop is essentially related to an unstable crack 

propagation and a catastrophic fracture of a specimen. However, at higher 

temperatures, a characteristic "tail" appears on the P-LLD curve after an initial crack 

pop-in (Figs.S. l 9a, no. 5 and 5.19b, no. 7). This indicates that the further crack 

extension is stable up to a final failure [138, 143-146]. 

P-LLD curves for boron-free l 4Mn specimens in the range from RT to ~400°C and 

most of 9Mn+B and 14Mn+B specimens regardless of test temperature, exhibited 

numerous crack pop-ins on the initial portion of the curve (examples are presented 

in Section 5 .2). The occurrence of these pop-ins is essentially beneficial because 

they provide a very sharp crack tip, most probably sharper than the one formed 

from an initial notch slot. Curves for boron-free 14Mn alloy at temperatures 

>400°C showed no pop-ins, but relatively smooth and linear behavior up to PM and 

a pronounced "tail" past PM. 

By analogy to ASTM El 304-97 on testing of chevron-notched bar and rod in 

tension, the conditional value of chevron-notch fracture toughness of boron-doped 
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alloys was calculated in a similar way as for boron-free alloys using the maximum 

load according to Eq.2.3 in Section 4.4.4. If a plane strain validity criterion 

B~l .25(KQvM/CTYs>2 from ASTM E 1304-97 is met then KQvM=K1vM, the latter being 

"plane-strain chevron-notch (CN) fracture toughness". 

Using the smallest specimen thickness B:::::4 mm from Table 5. 7 and the yield 

strength crvs::::: 160 MPa [28] for boron-free "base" 9Mn-2 STi alloys, one obtains valid 

CN fracture toughness values ~9 MPam112. Obviously, thicker specimen, e.g. 5.8 

mm in Table 5. 7 will have the higher validity limit ~ l 1 -12 MPam 112. Since crvs of 

"base" 9Mn-25Ti alloys is practically independent of temperature, at least up to 

950°C [28], then these validity criteria are essentially correct for the entire testing 

temperature range employed in this work. Furthermore, hardness of boron-free 

and boron-doped 14Mn-type alloys is higher than that of "base" 9Mn-25Ti alloys 

(Table 5 .6). Therefore, their yield strength (not tested yet) would, most probably, be 

higher than about 160 MPa for "base" 9Mn-25Ti alloys. As a result, the plane-strain 

CN fracture toughness validity limit for l 4Mn-type alloys would be much higher 

than the one estimated for 9Mn-25Ti alloys. Taking the above into account as well 

as the linear character of the P-LLD curves up to PM, it is most likely that all the 

KQVM values are indeed valid CN fracture toughness values (K1VM). 

Figures 5.79 and 5.80 show measured CN fracture toughness values (KQvM) as a 

function of test temperature for boron-doped 9Mn-25Ti as well as for both boron­

free and boron-doped 14Mn-type alloys, respectively. For comparison, the shaded 

bands represent the ranges of CN and SEPB fracture toughness data for coarse­

grained, boron-free "base" 9Mn-25Ti alloys, replotted from Section 5.4.2. It is 

seen, that boron doping to the 9Mn-type alloy in the range 0.004-0.66at.%, 

improves room-temperature fracture toughness from about 4 MPam1I2 to 5-6 
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Figure 5.79 Chevron-notch fracture toughness of boron-doped 9Mn-type alloys 
as a function of temperature. (a) 9Mn-0.004B, (b) 9Mn-0.25B, and (c) 
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MPam112, i.e. 25-50%. The fracture toughness in the intermediate temperature 

range (200-600°C) is essentially unchanged by boron doping (Fig.5.79). However, 

the fracture toughness at 1000°C is measurably improved by about 50-100% from 

about 4 MPam 112 to the range of 6-1 2 MPam112, although quite a large scatter of 

results at 1000°C is still observed (Fig.5.79). 

The most pronounced improvement of fracture toughness is observed for 14Mn­

type alloys (Fig.5.80). Boron-free 14Mn alloys show increase of toughness at 

1000°C to the range of 7-11 MPam112 as compared to about 4 MPaml/2 for "base" 

9Mn alloys (Section 5.4.2). However, their toughness at room and intermediate 

temperatures is not improved. The alloys containing 0.24 and 0.65 at% B exhibit 

100% improvement in the room temperature fracture toughness up to 8 MPam1t 2 

without any pronounced scatter of data. Their toughness at intermediate 

temperatures and 800-1000°C is also improved to 8-12 MPam1t 2 , i.e. by 100-

200%, with much lower scatter than that for boron-free 14Mn alloy. In particular, a 

doping with 0.24 at% B seems to be an optimal level of doping. It results in the 

fracture toughness of 8 MPam 112 at room temperature with a minimal scatter of 

data, the 8-12 MPam1t 2 range for intermediate temperatures and about 10-12 

MPam 1t 2 at 800-1000°C (Fig.S.80b). The observed improvement of fracture 

toughness for 14Mn-29Ti-0.24B alloy in the entire test temperature range from 

room to 1000°C, is quite remarkable, taking into account that the alloy possesses 

an unoptimized, coarse- grained microstructure. 

The number beside each data point in Figs.5.79 and 5.80 shows the average grain 

size of the tested specimen and a small letter "c" designates "columnar" grain 

morphology. As can be clearly seen, neither the grain size nor morphology 
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(equiaxed vs. columnar) affects fracture toughness. Similar observation was made 

for coarse- grained, boron-free, "base" 9Mn-25Ti alloys (Section 5.4.2). 

Fracture mode observed in the present work changes from entirely transgranular 

cleavage (TGC) at room temperature to progressively more intergranular failure 

(IGF) with increasing temperature. Figures 5.81 and 5.82 show the variations of the 

surface area of IGF (measured on the projection of fractured surface) as a function 

of temperature (from data in Appendix F). The shaded bands represent the data 

ranges for boron-free "base" 9Mn-25Ti alloys replotted from Section 5.4.2. It is 

quite clear that the addition of boron to 9Mn-25Ti alloys (Fig.5.81) does not alter in 

any measurable way this behavior observed for boron-free "base" 9Mn-25Ti alloys 

as shown in Section 5.4.2. Other researchers observed the same fracture mode 

transition from TGC to IGF with increasing temperature in both tension [4, 14] and 

bending [49,147] in cubic titanium trialuminides. As can be seen in Fig.S .81 for 

boron-doped 9Mn-25Ti alloys, the transition temperature from TGC to IGF 

(TGC/IGF transition temperature or "TGC/IGF TT" in short) begins at about 200°C 

and then the fraction of IGF increases gradually with increasing temperature, as 

also reported for boron-free "base" 9Mn-25Ti alloys in Section 5.4.2. On the other 

hand, Fig.5.82 shows that there is a substantial effect of high-(Mn+ Ti) 

concentrations in 14Mn-type alloys on the TGC/IGF transition. First, the TGC/IGF 

TT is shifted towards much higher temperature of about 600°C. Second, the surface 

fraction of IGF for boron-free 14Mn alloy is substantially reduced at the high 

temperature ranges 600-1000°C (Fig.5.82a). At 1000°c the IGF surface fraction is 

only 40-50%, i.e. a half of that for a boron-free "base" 9Mn-25Ti alloy. Third, the 

boron doping to 14Mn-type alloys seems to increase slightly the IGF fraction but it 

does not shift the TGC/IGF TT which is still at around 600°C (Fig.5.82b,c). 
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Figure 5.82 
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Examples of fractographs of 14Mn alloy tested at RT and 1 000°C are shown in 

Fig.5.83. Pictures (a) and (b) show the extensive crack branching at RT and pictures 

(c) and (d) the oxidation at 1000°C. It can be seen in picture (c) that cleavage crack 

resumed at discrete points along the grain boundary. 

Figure 5.83 High- Mn alloy (14 at.% Mn) tested at: a) and b) RT (100% 
transgranular failure), c) and d) 1000°C (combination of ~50% 

transgranular and ~50% intergranular fracture). 
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5.7 Observation of Surface Cracks 

This section describes in a pictorial way the characteristic features of cracks 

formed on the sides of the SEPB specimens made from low-Mn ("base" 9Mn-25Ti) 

alloy. Specimens were polished before the precracking procedure. This sequence of 

specimen preparation allows all the features formed during precracking and in 

some cases during further crack extension to be preserved, photographed and 

analyzed. Three techniques were used for analysis. Optical microscopy with 

Nomarski contrast was used to photograph the precracks. Scanning Electron 

Microscopy (SEM) was used to perform in- situ straining of the precracked 

specimens, observe and photograph the crack tip response. Finally, at the highest 

resolution level, Atomic Force Microscopy was used to obtain digital topology of the 

very tip of a precrack. 

Many precracks shown in this section are not of good quality since they are formed 

at an angle to the notch instead of straight ahead of it. However, the quality of the 

precracks in the SEPB specimens used for fracture toughness testing was much 

better. The latter specimens were precracked in a high-precision jig using ceramic 

inserts as supporters. These inserts were accidentally damaged after all the 

toughness tests were done. Therefore, the SEPB specimens used in this section for 

precracks observations were obtained in the jig using less precisely finished tool 

steel supporters. 

5. 7. 1 Optical Microscopy of Precracks in SEPB Specimens 

First image of each precrack presented is a top, overall view of the precrack. A 

letter beside each window in such an image designates the picture label which is a 

high magnification optical image. 
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In Fig.5.84, precrack originated not from the notch root but from the opposite side 

of the specimen. It is the only observed case of such anomaly. However, in this 

case, a very extensive plastic strain field in the form of slip lines is present at the 

. notch root• 

A 

-- . ,.;.• ~~ 

-~;· - - i-

; __ ,~~:"-.: -4"•~ :,_" ~ - ·;~•· 

.. 
-......... ·-
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Figure 5.84 Plastically deformed regions of the branched precrack. 9Mn-25Ti 

alloy. 

178 



Figure 5.84 Contd. 
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Figure 5.85 a) Very limited plastic deformation developed at the end of stopped 
crack and the beginning of the resumed crack, b) no surface 
deformation noticeable at the tip of the precrack. 9Mn-25Ti alloy. 

notch root. It spreads from the notch root and also from the side of the notch 

towards the end of precrack (window A). Almost always where there was some crack 

branching along the path of a main crack some extent of plastic deformation was 

taking place. In most cases it was very difficult to see beside the slip lines also the 
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Figure 5.86 a), b), d), and e) Deformation transfer between branches of the 
precrack, c) deformed region between stopped and resumed 
precrack, f) small deformation at the very crack tip. 9Mn-25Ti alloy. 

180 



. . 
~~::.:~.,~. 

. -~,~'".' ~; 

.~ ~ ... 
~··•, 

.-~1~r; .. <· 
~' .. -.1" 

·•-·-~~:1 

~<r · . 

.... :i .. • :_. 

~;}~I~ 

Figure 5.86 Contd. 

surface topography. However, playing with the illumination {light direction and 

polarization) sometimes revealed the topography. Good examples are shown in 

Fig.5.84c and d where the surface deflection at the tip of a branched crack can be 

easily noticed. 

On many occasions, the crack tips did not show any noticeable plastic deformation 

(Fig.5.85) or very little deformed regions as in Figs.5.86f, 5.87c, and 5.88c where 

plastically deformed front is confined to a very narrow band ahead of crack tip. 
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Figure 5.87 
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a) Very extensive plastic field between main crack and its branch, b) 

extremely small deformation at the tips of two parallel cracks, c) 
small deformation at the tip of the main crack. 9Mn-25Ti alloy. 
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Figure 5 .88 a) and b) Plastic deformation between main crack and a branch, c) 

small plasticity developed at the tip of the main crack. 9Mn-2 STi 
alloy. 

Only one specimen among 16 tested showed extensive plasticity develope9 at the 

crack tip (Fig.5.89b). Interestingly enough, the same crack did not develop any 

plastic deformation at the tip on the other side of the specimen. 
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Figure 5.89 Symmetrical slip lines in the vicinity of the straight, main crack (very 

rarely occurring), b) extensive plasticity developed at the very crack 

tip. 9Mn-25Ti alloy. 

There are various patterns of slip lines configurations lying in the close vicinity of 

branched cracks or cracks deviating from their paths. Sometimes these lines are 

perpendicular to the parallel cracks (Fig.5.84a in the vicinity of the precrack, and 

Fig.5 .84b and d), and in other cases they are inclined ~45° (Fig.5 .84a in the vicinity 

of the side of the notch, and Fig.5.84c and d). Still in some other cases these lines 
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were either parallel to the crack propagation direction or inclined at some angle 

(Figs.5.86, 5.87a, 5.88a,b, 5.89, H.1 b, and H.2). It seems that in general, the 

inclination of the slip lines depends among other parameters on the relative crack 

velocities and interaction between dynamic strain fields of the moving cracks. 

Worth noting is the fact that if not disturbed (by crack branching or changes in 

path), the slip lines are symmetrical about the straight crack and inclined to it at an 

angle ~30- 35° (Figs.5.89a and H.2b). In effect, these lines are not included in the 

maximum shear stress planes on which the dislocation activity is being promoted. 

However, to be closer to correct interpretation, 3D geometrical analysis would be 

required with consideration of possibly high elastic anisotropy of the material. 

5. 7 .2 Scanning Electron Microscopy of Precracks in the Pre- Strained 

SEPB Specimen 

One precracked SEPB specimen of boron-free "base" 9Mn-25Ti alloy was strained in 

the small jig (Fig.4.15) in 3pt. bending to four different levels. After each strain 

increment the specimen mounted in the jig was placed into the SEM and the crack 

tip was photographed (Figs.5.90-5.93). 

Plane stress plastic deformation zone shown in Fig.S.90a and b was formed during 

precracking procedure. Tearing ligaments became visible in the first stage of 

loading. The very tip of the crack was still obscure. The result of second stage of 

loading was formation of the crack extension trace (Fig.5.91). During third stage, 

the plane stress plastic zone became more round in shape with more pronounced 

boundary (Fig.5.92). The Crack Opening Displacement became larger. No noticeable 

changes were occurring to the very tip. However, at the third stage, the tiny and 

short lines in the tip region started to appear. As became obvious in the last stage 

of loading, these were microcracks scattered around the end of the main crack 
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Figure 5.90 The tip of the crack in the first stage of straining. 
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Figure 5.91 Second stage of straining. 
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Figure 5.92 Third ·stage of straining. 

188 



..,, 

- ·.-· .... 
~./ -..... 

2:;~ 

-·})t 

-:~ 
• r.--,.:--::_" 

_-,,. ~:.~f-
- -~·~·.:~ ... '· 

Figure 5.93 Fourth and final stage of straining. 
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Figure 5.93 Contd. 

(Fig.5.93d,e). The COD became larger once again and most importantly the crack 

propagated forward a small amount. The most striking feature of this crack 

extension and of the whole experiment was the appearance of the extended crack. 

It was very wavy in shape, spread at least into two branches and surrounded by the 

network of microcracks. It is difficult to seek for any rationale explaining this 

behavior, especially in the light of so many pictures showing the plastic 

deformation formed along the crack path. Obviously, there is a difference in 

magnification scale between optical and SEM pictures and moreover the slip lines or 

plastic deformation are difficult to notice unless observed at low angles but still it is 

unlikely that this kind of crack propagation could be accompanied by some plastic 

deformation. The microcrack process zone is known to shield or release the far 

field stresses at the crack tip. This phenomenon usually occurs in such brittle 

materials like ceramics or rocks. It is not known how much shielding could be 
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achieved in the experiment presented here. It is even not known whether there is an 

increase or degradation in toughness. Roughly it could be assessed considering the 

relative extent of the zone and the crack size (and microcrack density) and also 

taking into account the remaining ligament length. By comparing to the results of 

[148) on ceramics composite, most probably there is some toughness enhancement 

through this mechanism of fracture. Fig.5.94 shows the enormous bridging in 

ceramic material developed at 1 500°C (this amount of bridging resulted obviously 

in toughness degradation). At lower temperature (~ 1200°C) this zone was 

substantially smaller and caused toughness increase. 
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Figure 5.94 Extensive crack bridging causing toughness degradation in ceramic 
composite (formed at very high temp. ~ 1 500°C). [148) 

The other example of crack extension imaged in SEM is shown in Figs.5.95a and b. 

This time the extended crack is straight and again there is no noticeable plasticity 

accompanying the process. Very similar image (Fig.5.95c) was obtained for another 

very brittle intermetallic compound NiAI exhibiting toughness of ~2 MPa✓m (149). 

SEM image of the extensive plasticity ahead of the crack tip formed during 

precracking procedure of "base" 9Mn-25Ti alloy is shown in Fig.5.96. The same tip 

is shown in optical photograph in Fig.5.89b. 
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Figure 5.95 a) and b) Crack extension obtained in this study, c) in NiAI [149]. 
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Figure 5.96 Extensive plasticity formed during precracking. "Base" 9Mn-25Ti 

alloy. 

For the purpose of comparison, Fig.5.97 shows the surface deformation at the 

crack tip in Ni3AI and Ni3AI + B [35]. It represents plane stress deformation zone. 

The entire zone is plastically deformed in contrast to titanium trialuminide where 

the plastic deformation also extends in front of the crack but it is confined to 

plastically deformed, parallel bands leaving some regions undeformed. 

Figure 5.97 Surface deformation at the crack tip in: a) Ni3AI; b) NhAI + B [35). 
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5.7.3 Atomic Force Microscopy Digital Imaging of a Crack Tip 

The AFM is a very powerful tool in imaging. It could be used very successfully in the 

in- situ fracture experiments. The stress intensity can be applied to the crack tip in 

a remotely controlled manner using a piezoelectric stage. The instantaneous crack 

tip response can be scanned, digitized and stored in a computer memory. This kind 

of an experiment can serve to establish the relationship between the applied stress 

intensity and the number of dislocations emitted from the crack tip (149]. An 

example of the AFM image of the crack tip in NiAI intermetallic alloy is shown in 

Fig.5.98. 

Figure 5.98 AFM crack tip image obtained in the in- situ straining on NiAI 
intermetallic alloy (149]. 
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Figure 5.99 
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a) Overall view of the notch and precrack in SEPB specimen (SEM), b) 

plastic zone at the tip, c) AFM digital image of the window C area in 
(b). 

Fig.5.99a,b shows the SEM photograph of the plastically deformed crack tip (the 

same as in Fig.5.96 and also shown on an optical micrograph in Fig.5.89). AFM 
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image in Fig.5.99c shows that plastically displaced material at the very tip of the 

precrack has a form of a very steep fold of a height of ~200- 250 nm on one side 

of the tip and very gradually and evenly spread deformation on the other side. 

Fig.5 .1 00 shows the same image but levels of the same height are represented by 

the same color. 

l 
5 
0 

1 
0 
0 

5 
0 

0 -5 
0 

-1 
0 
0 

. . . 

• • - -- •• • • --- --- • - -----,-- • 

~ - • _·_ ··- - _· - - ·-------· ~ ---- _· --~~:~ ·_:_.: - -

Z [nm] 
200 

150 

100 

50 

0 

-50 

150 

X l52[wnJ 250 

0 

50 

100~ 

150 ~ 
~ 

Figure 5. l 00 The same image as in Fig .5 .99c but showing the height levels. 

Note: the "zero" reference level in Fig.5.100 is not the level of undeformed 

material outside of the plastic zone. 
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5.8 Powders 

5.8. l Morphology and Microstructure of Powders 

The only milled powders were alloys #14 and #1 5 in Table 5.1 whose chemical 

composition corresponds to the "base" 9Mn-25Ti composition. They were milled 

according to the procedures described in section 4.3.1. Figure 5.101 (and also K. l, 

K.2 and K.3 in Appendix K) shows scanning electron micrographs of titanium 

trialuminide powders milled for various times. After a relatively short milling time 

the shape of the particles is approximately globular although some of them are still 

far from being equiaxed as if they were composed of smaller pieces of material 

cold- welded to the main particle (Fig.5.101 a). The morphology of short- time 

milled particles resembles closely a 11popcorn ball" appearance, characteristic of 

mechanically milled brittle powders and, in particular, intermetallics [106]. With 

increasing milling time the shape of particles becomes more equiaxed and the 

surface appears much smoother although it still retains its "popcorn ball" 

appearance (Fig.5.101 b,c). However, the most interesting features of the 

microstructure of milled powders are revealed by the optical microscopy of the 

cross- sections of powders (Fig.S .1 02 and also K.4, K.5 and K.6 in Appendix K). 

The internal microstructure of powders milled up to 208-236 h is composed of a 

core (brighter on the micrographs) surrounded by an outer layer (greyish and 

dotted). The outer layer in powders milled for only 20 h is relatively thin, of the 

order of I to 5 µm and not quite evenly distributed around the core. Increasing 

milling time leads to two important microstructural developments. First, in some 

particles the outer layer becomes much thicker, reaching about 20 µm, in powders 

milled for 208 h (Figs.5.102a). Second, there is a gradual formation and increase of 
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the volume fraction of particles that do not contain any core (Fig.5. l 02b). These 

particles are referred to as the "no core" particles. Eventually, after 282- 386 h of 

milling practically all particles are of this type (Fig.5.102c). It seems that with 

Figure 5.101 SEM micrographs of powder milled for a) 47 h (Ingot #14), b) 209 h 

(Ingot #1 5), c) 21 5 h (Ingot #1 5). 
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Figure 5.102 Optical micrographs of powder milled for a) 208 h (Ingot #14), b) 236 

h (Ingot #14), c) 282 h (lngot #1 5), d) 386 h (Ingot #14). 
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increasing milling time, the cores of the particles are gradually converted into the 

same, probably highly deformed structure, as occurs in the outer fayer. 

Microhardness data of selected powders milled for increasing milling times and 

their corresponding crystallite sizes (Table 5 .8) are listed in Table K. l. Somehow 

the average microhardness of "no core" particles after the longest milling time of 

386 h (only "no core" particles exist in this powder), is much higher (HV 728) than 

the microhardness of both the outer layer (HV 611) and "no core" particles (HV 601) 

in powder milled for 208 h. This is despite the fact that the estimated crystallite 

size is the same (~3 nm) in powders milled for 208 and 386 h, respectively. The 

reason for this result is not known but might be related to the different grain 

boundary structure of nanocrystals formed in powders milled for 208 and 386 h. As 

seen in Table K.1 the microhardness of the cores of particles exhibiting both the 

core and outer layer (in powders milled for 1 9, 105 and 208 h) also increases with 

increasing milling time. As a result of prolonged milling the average microhardness 

of the cores increased from 296±20 HV, characteristic of a well- annealed ingot, up 

to 453±100 HV for the powder milled for 208 h. In general, quite large standard 

deviations of average microhardness value of milled powders observed in Table K.1 

indicate that the microstructure of the powder particles is rather nonuniformly 

hardened exhibiting local soft and hard (or even extremely hard) spots. 

Nevertheless, the trends in the average microhardness values are quite clear. 

5 .8.2 Crystallite Size from X- ray Diffraction 

As the milling time increases, all the Bragg peaks in the X-ray spectra broaden 

in width and decrease in intensity. These changes in the peak characteristics are 

attributed to the development of both nanocrystals and internal lattice strain in the 
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ball milled powders [1 50}. Table 5 .8 shows the crystallite (grain) size calculated by 

both the simple Scherrer formula for the (111) peak and approximation of 

nanocrystalline size broadening by Cauchy/Gaussian function. lt is seen that for 

milling times up to approximately 100 h the approximation by Cauchy/Gaussian 

function gives slightly different crystallite size values than does the Scherrer 

equation. For longer milling times both methods result in almost identical values 

although the approximation by Cauchy /Gaussian function gives more consistent 

values. 

Table 5 .8 Crystallite size and internal lattice strain of milled powders calculated 

from the Scherrer formula for the (111) FCC peak and approximation of 

nanocrystalline size broadening by a Cauchy function and approximation 

of strain broadeninq by a Gaussian function vs. milling time [1 51] 

Lattice- strain 

Milling time Crvstallite size (nm) (Cauchy/Gaussian) Remarks 

(h) Scherrer Cauchy/Gaussian (%) 

(l 11 )FCC (Sec.4.3.1, Ea.4.2) 

19 37 24 0.22 lnqot#l 4 

23 23 20 0.26 lnqot#l 5 

42 23/26(R) 29/19(R) 0.26/0.20(R) lnqot#14 

65 23 30 0.43 lnqot#l 4 

72 22 26 0.23 lnqot#l 4 

96 6 5 0.94 lnqot#l S 

105 18 6 ? lngot#l 4 

160 5 6 1.20 lnqot#l 4 

208 3 3 ? lnqot#l 4 

209 6 3 1.21 lnqot#l S 

215 3 3 0.87 lnqot#l 5 

236 5 3 1.27 lnaot#l4 

282 2 3 1.51 lngot#l S 

386 3 3 0.49 lnqot#14 

In general, the crystallite size remains relatively unchanged up to 100 h of milling 

and then quite drastically decreases reaching a saturation value of about 3 nm after 

201 



approximately 200 h of milling. The internal lattice strain is very modest and 

seems to increase only slightly with milling time although it never increases much 

beyond 1 % (the question marks in Table 5 .8 indicate cases where the intercept 1 6e2 

in Eq. (2.2) resulted in an infinitesimally small negative value and the lattice strain 

could not be calculated). 

5 .8.3 Powder Processing 

The very intriguing questions whether and how fracture toughness depends on the 

grain size when the grains are of the nanometer scale demanded that the next step 

be taken in elucidating this unknown area of material properties. For this purpose 

the powders were processed using various procedures in order to obtain the best 

microstructure for the fracture toughness testing. Only powders milled for 208h 

(Ingot #14) were used for compaction. 

The simplest method of producing bulk specimens was by cold- pressing powders 

at RT. Various pressures were applied for ~3 min. The results are shown in Fig.K.7 

(Appendix K). Tables showing the details of powder processing, microhardness and 

porosity measurements are also presented in the Appendix K. Applying higher 

cold- pressures causes that powder becomes increasingly densified. Up to 2400 

MPa the particles still seem to be loose. At 2400 MPa these particles start to merge 

by cold welding, although unpolished surface of such a compressed button still 

resembles loose, evenly distributed powder particles (Figs.K.7e and f). Photographs 

i, j and k of the same figure show the powder compressed at the nominal pressure 

of 2580 MPa. That was the first and last trial of applying such a high pressure for 

long time (~20 min.). Unfortunately, after ~20 min. of applying this pressure the 

WC plungers broke into pieces. Resulting densification of the broken button is very 
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non- uniform. High, localized pressures caused that powder was 100% densified in 

small spots of the button. It is believed that in order to cold-compact the powder 

completely the nominal pressure of at least 3 GPa should be applied. 

To find out whether sintering in air would give desired results, the cold pressed 

buttons were subsequently given various sintering treatments (Fig.K.8). The results 

of microhardness measurements and porosity are given in Table K.3 in Appendix K. 

In the temperature range 900°C- 11 00°C, porosity remains on the same level of 

23- 29%. With increasing temperature, porosity increases to 39% and 42% at 

11 50°C and 1200°C, respectively. Long holding time (3 hr) at 1100°c results in 

porosity level of 53% (Figs.K.8g and h). SEM photographs in Fig.K.9 show that 

sintering in air does not result in bonding of the powder particles. 

Starting from the lowest sintering temperature (900°C), the cores of the powder 

particles started to recrystallize. The boundaries of the newly formed grains were 

initially barely visible under SEM. However, with increasing temperature, the 

recrystallization was more evident and grain boundaries more pronounced 

(Figs.5.1 03 and K.1 0). Interestingly enough, the heavily deformed regions (the 

outer layers) did not show the occurrence of recrystallization at least under the 

resolution used. In further discussion, an expression "recrystallization" (or 

"recrystallized" structure) will be used with respect to the microstructure of the 

outer layer and "no core" annealed powders. It is to be pointed out that it is 

impossible to discern unambiguously whether either recrystallization or growth of 

pre-existing nanocrystalline grains (from milling) has occurred in the annealed 

powders. Therefore, in this context, "recrystallized" can also mean microstructure 

containing micrometer grains formed due to nanocrystalline growth. 
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Figure 5.103 SEM micrographs of the recrystallized grains in specimens cold 
pressed under 2400 M Pa and subsequently sintered at: a) 900°C; b) 

1000°C; c) 11 00°C; d) 1 200°C. 
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Next step in seeking the right production method involved both cold and hot 

pressing at various temperature and pressure combinations. A series of six 

compaction experiments were conducted at the University of Wollongong 

(Australia). Powders were compacted with a hydraulic press under load control 

mode. RT compaction pressure was 450 MPa and high temperature pressure of 210 

MPa was used. The cylindrical buttons of diameter of 8 mm were kept under 

constant pressure right from the RT, through the proper compaction temperature 

until the specimens reached ~ 1 50°C upon cooling after the process was completed. 

The results of the experiments are presented in Table K.4 (Appendix K). The best 

results were obtained by using single hot compaction procedure with the highest 

temperature used of 9OO°C. Porosity level was minimal, ~0.6%, although not 

uniformly distributed throughout the specimen volume (Figs.K.11 c, d, e and f) (see 

also Table K.4 in Appendix K). 

Applying two- steps of hot compaction, first at 7OO°C for l h and the other at, 

again, 9OO°C for l 5 min resulted in the second lowest porosity level (Figs.K.11 a and 

b) (also Table K.4). Therefore, it seems that high compaction temperature is 

desirable. 

The obtained material was in the form of small pieces whose size prevented bulk 

fracture toughness testing. 

The compaction experiments were repeated in this work in the hope of obtaining 

the needed specimen bulk. The parameters used, microhardness results and 

porosity level are shown in Table K.5 (Appendix K). Here, in contrast to the previous 

tests conducted in Australia, the load for high temperature compression was 

applied after the pre- compacted button was heated to the desired temperature. 

The time of reaching the compaction temperature of 9OO°C was ~Smin in the 
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experiments conducted in Australia, whereas in this work it was ~45min. Effects of 

this difference in heating time will be discussed later on. 

Main characteristic feature of the microstructure of the compacted powders 

obtained according to the parameters given in Table K.5 (Appendix K) and shown in 

Fig.K.12, is the dark network of lines formed along the boundaries of the powder 

particles. They were not observed in the previous specimens compacted in 

Australia. One specimen showed unusual feature- a ring of fully condensed powder 

(Figs.K.12c, d and e). In general, the appearance of specimens obtained by these 

two sets of experiments is different. 

Surprisingly, even though that both cold and hot compaction pressures in the 

present work were much higher (e.g. CP 2400 MPa, HP 470 MPa for compact K.5.4 

in Table K. 5) than those for tests conducted in Australia (CP 450 MPa, HP 21 0 MPa) 

the obtained material was worse. However, very similar morphology to that of the 

best obtained in previous tests (in Australia) was achieved in the last experiment in 

which the load for high- temperature compression was applied, similarly to the 

previous case (in Australia), right from the beginning of heating. Heating rate was 

relatively slow- the time to reach compaction temperature of 91 S°C was ~4Smin 

(the tubular radiant furnace was used) but unfortunately, the AfiO3/Si3N4 ceramic 

composite supports (inserts) (Fig.4.7) were destroyed due to superposition of high 

stresses and temperature gradients. It happened at relatively low temperature, 

~400- 500°C, but the experiment was conducted further due to unawareness of 

that fact. On the basis of the results, the conclusion can be drawn that the dark 

lines forming along powder particle boundaries are the oxide films preventing the 

fusion of the particles. The compaction ratios were high when compared to the 

specimens compacted in Australia. The only drawback was the lack of fusion. 
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On the one hand, the high pressure applied from the beginning of heating 

substantially lowered the degree of oxidation and on the other, it allowed the 

plastic flow to take place at the lowest possible temperature, decreasing at the 

same time the amount of common interparticle surface (exposed to oxidation) over 

which the fusion should take place. 

The heating rate was slow enough as to allow nanocrystallite growth. By comparing 

the microhardness values in Table K.4 for compacts obtained in Australia where the 

heating rate was very fast (4-Smin to reach 900°C) to those obtained in this work it 

seems that the only reasonable explanation for substantially lowered 

microhardness of the outer layer (Table K.5) is the nanocrystallite growth. 

Figure 5.104 Optical micrographs of the powder compact obtained in Australia 

showing recrystallized "cores": a) heavily etched, b) lightly etched 

(K.4.2 powder in Table K.4). 

Fig.5.104 (and also Figs.K.13 and K.14) shows the grains in the particles' cores in 

the powder compacted in Australia. It can be seen that the microstructure of the 

compacts obtained in Australia is composed of the relatively soft and recrystallized 

particle cores, very hard outer layers (727±93, Table K.4) and soft areas with 

recrystallized grains usually filling out the spaces between the particles' outer 

layers. These interparticle regions appear being squeezed out by much harder outer 
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layers. No recrystallized grains were observed by optical microscopy in the outer 

layers (Figs.5.104 and K.14) which suggests that grains remained in the submicron 

size range. 

The microstructure of the powder compacts obtained in the present work is 

composed of recrystallized particle cores and partially-recrystallized outer layers 

(Figs.5.1 OS, K.15 and K.16). The bright areas (Fig.5.1 OSa and K.16) represent the 

recrystallized grains with the size -1 -2µm. The darker regions are comprised of 

grains which are still in submicron size range. It can be seen that the average grain 

size of the particle cores is bigger in compacts obtained in this work. 

Correspondingly, the microhardness of the cores is 243±30 (Table K.4) vs. 1 99±23 

(Table K.S) for compacts obtained in Australia and in this work, respectively. 

An example of the plastic flow distribution over the cross section of the hot­

pressed powder button is shown in Fig.5.106. The microhardness values measured 

at the points marked in Fig.5.106 are shown in Table 5.8 and the corresponding 

indentations in Fig.K.17. The axis of symmetry of the compacted disc is also shown 

in Fig.5.106 (but this axis is not the axis of symmetry of the optical image of the 

disc in this figure). It can be seen that the deformation is almost symmetrical about 

the axis of symmetry of the disc- the volume of the disc between points O and 1 

resembles a mirror image of the volume of the disc between points 1 and 3. The 

particles experienced the lowest deformation in the central portion of the button 

and the highest in the regions close to the external surface far from the axis of 

symmetry. Microhardness measurements, however, did not reveal any pattern in 

hardness meaning that work hardening due to plastic deformation is absent (most 

probably due to high deformation temperature). Indentations in Fig.K. l 7 confirm 

that there is just a small difference in microhardness in specimen parts plastically 
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deformed by different amounts. Interestingly enough, the big particle (Fig.K.1 7d) 

(most probably not milled chunk) which is much softer than the surrounding, 

remained undeformed, whereas the closest surrounding has been plastically and 

heavily deformed. 

Figure 5.105 a) optical micrographs of the microstructure of the compact obtained 

in the present work (etched), b) higher magnification of the 

recrystallized grains. 
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Figure 5.106 Cross- section of compacted powder, cold- pressed at 2400 MPa, 
hot- pressed at 360 MPa at 900°C for 20min. 
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Table 5.8 Microhardness (HV 0.01) (1 0g load) distribution along the transverse 

direction of the hot- pressed button. 

Position Distance Microhardness (HV 0.01) 

Number [µm] [kg/mm2] 

0. 0 320±50 

1. 850 289±20 

2. 1250 265±31 

3. 1550 294±27 

4. 1750 408±138 

5. 2050 273±19 

6. 2450 285±13 

7. 2700 307±50 

8. 3150 288±7 

9. 3500 280±25 

10. 3850 297±25 

1 l. 4100 278±10 

12. 4550 271±19 

13. 4850 301±62 
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5.9 Indentation Microcracking Fracture Toughness 

5.9.1 Indentation Microcracking Behavior 

Indentation fracture toughness technique is based on the formation of well 

developed corner cracks at Vickers indent [152]. Therefore, it is important to 

investigate in the initial stage the nature of the indentation microcracking. 

The powder compacted in Australia with the lowest porosity, no. K.4.2 in Table K.4 

(Appendix K) was used for the observations of microcracks. The specimens were 

used in two states: etched and unetched. Unetched specimens better revealed the 

side cracks and surface distortions caused by indentations. Light etching on the 
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Figure 5.107 Optical micrographs of the indentations made under load: a) and b) 

1 00 g; c) 200 g (powder compact no. K.4.2 in Table K.4). 
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other hand was applied to observe the behavior of cracks emanating from the 

indentation corners. Cracks were only occasionally observed at loads as low as 100 

g (Fig.5.107). However, the lateral damage of the indentations was occurring more 

often than the radial cracks at this load (Fig.5.107a). 

According to Lawn [153], the driving force for radial crack initiation comes from the 

residual field of the deformation zone induced by an indenter. It seems that the 

residual stresses are well accumulated (because of the low load threshold for crack 

initiation) in the material and their release is manifested by radial cracking. In order 

to obtain proper indents (i.e. four corner cracks) for toughness calculations at 200 

g load, large number of indents had to be made. The 100 g load was omitted for 

toughness calculation purpose due to large number of indents required and high 

error involved in measurements. With increasing load, the number of proper 

indents also increased being over 90% for 500 g load. 

Fig.5.108 shows the compact obtained in the present work with the lowest porosity 

(K.5.6 in Table K.5) and Fig.5.109 a gradual change in indentation size in this 

compact (see also Fig.K.1 9). 
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Figure 5 .1 08 Optical micrographs of the hot- pressed powder obtained in this 

work (unetched) (powder compact no. K.5 .6-Table K.5). 
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Figure 5.109 Optical micrographs of the hot- pressed powder (powder compact 

no. K.5 .6-Table K.5) obtained in this work showing a gradual change 

in the indentation size (1 0g load). 

Surprising behavior was observed when indentations were made under the highest 

load available of 2000 g. If the testing piece was small, substantial cracking of the 

specimen occurred (Figs.5.11 0a and b). However, when the test piece was larger, 

unlike the indentation corner cracks forming at low loads (Figs.5.107c, 5.111 a,b, 

K.20 and K.21) in material made in Australia, the material obtained in this study 

neither fractured nor showed any evidence of plastic deformation (Fig.5.11 0c). 

Different behavior of the material obtained in Australia and in this work may result 

from a substantial difference in hardness for a particle outer layer (HV ~730 for the 

compacts obtained in Australia vs. ~310 for the compacts obtained in this work, 

Tables K.4 and K.5, respectively) and possibly different grain (crystallite) size. This 

problem will be discussed in more detail in the "Discussion" section. It is worth 

mentioning that still another behavior was exhibited by a cast material. At 2000 g 

there was no cracking but substantial plastic deformation occurred in the form of 

long slip lines. 
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l 000 g; c) 2000 g (powder compact no. K.5.6-Table K.5). 
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Figs.5.111, K.20, K.21, K.22 and K.23 show the interaction of radial cracks with 

microstructural features as a function of applied load. In most cases, the 300 g­

load indents exhibited well defined radial cracks. Presence of softer ucores", either 

in the region adjacent to the indent's corner or partially indented completely 

prevented crack formation from that corner (Figs.K.20c, d, and e). 
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Figure S .111 Optical micrographs of the indentations made under: a) 300g, b) 
S00g, c) 1 0O0g, d) 2000g load (powder compact no. K.4.2- Table 

K.4). 

At 500 g, where cracks are clearly visible, it becomes surprising that in such a 

heterogeneous microstructure (hardness and elastic modulus gradients) the 

cracking pattern resembles that in an isotropic material (Figs.5.111 b and K.21 ). 

Most often the cracks are straight and aligned along indent's diagonal. Not even a 

single case was found where the soft core particle in obvious way changed the 

216 



crack path at loads equal to or higher than 500g. In contrast, 2000 g load in many 

instances was sufficient to make the crack propagate either underneath 

(Figs.K.23h,j) or cut through (Fig.K.23n) the large "core" particles located close to 

the corner of an indent or cut through the smaller particles being located in a 

remote position (Fig.K.23c). On the other hand, Figs.K.230,p, and r show that these 

particles prevent crack propagation even though long cracks emanate from three 

other corners. 

5.9.2 Measurements 

Indentation fracture toughness tests were performed on several powder 

compacts fabricated in Australia (Table K.4 in Appendix K). 

In order to determine the microcrack system (Palmqvist vs. half-penny) [1 54] 

developed at the Vickers indent, indentations at 2kg load were made. In almost all 

the cases, four cracks were emanating from the corners. Subsequently, the 

specimens were ground and repolished in order to observe the microcracks at 

various depths. Usually, below the indentation four microcracks were observed 

arranged as in Fig.5 .11 2a giving the impression of the Palmqvist crack system. 

However, at greater depths, some additional microcracks were noted (Fig.5.112b). 

This microcracking behavior was identified [154] as a result of the formation of the 

"core zone" of the compressed material below the indent. This compressively 

stressed zone prevents the development of the microcracks. Below this zone, in the 

stress-free material, cracks were often observed (Fig.5. l l 2b,c). Therefore, it seems 

that the powder compact is prone to exhibit "pseudo-half-penny" microcracks. 

Nevertheless, the indentation fracture toughness was calculated for Palmqvist 
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microcrack system. It was shown [1 54} that indentation microcracking toughness 

was very similar for both Palmqvist and half-penny crack systems. 

The indentation fracture toughness was calculated using equation developed for a 

Palmqvist crack system [155}: 

[ l ][HP]'12 

K,c = 3(1- v2x21/2 ;z-512 tan0)113 4/ 
(5.1) 

where v- Poisson's ratio, 29- the angle of the opposite faces of Vickers indenter, H-

is the mean indentation pressure exerted by the Vickers indenter, P- applied load, 

I- the average crack length. 

By taking v=O.11 and 0=68° and substituting H with 1 .O78Hv (where Hv is the 

Vickers hardness), the equation (5.1) can be written as: 

[
H. p]'/2 

K,c = 0.0889 ;, (5.2) 

The results of toughness measurements are presented in Appendix L. The highest 

load of 2000 g, available on the testing instrument was also applied to the material 

obtained in this work (specimen K.5.6). However, there were no cracks appearing at 

the corners of the indentations, under condition that a testing piece was of 

sufficient size. 

Graphs of fracture toughness vs. load are shown in Figs.5 .11 3 and 5 .114. The 

toughness values of specimens K.4.1, K.4.3, K.4.4, K.4.5, and K.4.6 are very 

similar, ~2 MPa✓m. Average toughness of specimen K.4.2 seems to be slightly 

lower, ~ 1 .8 MPa✓m, even though it has the lowest porosity level. It can be seen 

from Table L.1O that toughness is independent of porosity level. 
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Figure 5 .1 l 2 "Pseudo-penny" microcrack system developed at the Vickers indent 

under 2kg load; a) directly below the indent vertex, b} at the greater 

depth below the "core zone", c} at still greater depth. 
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6 Discussion 

6.1 The Microstructure of HIP-ed and Dynamically Recrystallized 

Material 

The single phase L l 2 region at 1473 K (this region corresponds most probably 

to much lower temperature than 1473 K because the cooling time in this 

experiment was ~30 min) determined by Zhang and Mikkola [107] (Fig.Bl in 

Appendix 8) is much larger than that reported by Mabuchi for 1273 K [1 OJ. This 

region in Al- Ti- Mn system is also larger than those at 1473 K for the Al- Ti- Ni 

and Al- Ti- Fe systems [1 56] but is somewhat smaller than that given for Al- Cu- Ti 

[l 56]. It appears that the size of the L l 2 region decreases with decreasing 

temperature in these Al- Ti- X systems [4]. 

The geometric center of the L1 z phase region in Fig.Bl occurs at about 11 at.% Mn, 

25 at.% Ti, and 64 at.% Al, covering a range of about 8 at.% in Mn and about 4 at. 

% in Ti. In order to ensure a single phase L l 2 structure the Ti content has to remain 

above 23 at.% on the low Ti side, but also to contain no more than 27 at. % on the 

high Ti side. This narrow Ti range and the general shape of the region, suggest that 

Mn substitutes preferentially for Al [10,107, 1 57]. A tendency to develop higher 

porosity, despite remaining single phase is attributed to increasing Mn content with 

simultaneous decrease in Ti [1 O]. This porosity appears to form during the 

dissolution of Mn- rich second phases upon subsequent homogenization and is 

considered to form by Kirkendall effect [158, 1 59]. 

The established goal of obtaining the essentially single phase L 12 in Ti 

trialuminides was achieved. The compositions of the 9Mn-25Ti type alloys (alloys 
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numbers 1-7 and 14-19 in Table 5.1} fall into the L12 field in Fig.Bl. 

Homogenization dissolved some amount of the second phase present in the as­

cast material. However, some needle- like particles are still left. Their small width 

(~ 1 µm) prevented the compositional analysis. Similar difficulties were encountered 

in [107]. However, they were tentatively identified using SEM/WDX in Cr- modified 

Al3 Ti alloy [1 4] as TizAIC and as TiiAIN in Fe- modified L l 2 trialuminides [133]. 

Content of these whisker or rod- like particles seems to be slightly higher in high 

Mn (14 at.% Mn} than in low Mn (9 at.% Mn) alloy but still is below 1 %. Porosity 

content in low Mn and in B- doped (0.001 % B) low Mn alloys after HIP-ing was 

measured to be below 1 %, whereas in high Mn alloy it remained below 2 % (Table 

5.2). 

Hot working of 9Mn-alloys at 1000°C neither decreased the already low porosity 

nor did it change the morphology of these pores, leaving them round in shape. 

If the rule that "the lower the stacking fault energy, the more the recovery process 

is inhibited and that recrystallization takes place readily" also holds for ordered 

intermetallics, the present 9Mn-type alloy must have a high stacking fault energy. A 

high stacking fault energy for the 8Mn-25Ti alloy was verified by the formation of 

the deformation cells during hot- working [160). In addition, it has been shown 

that after annealing at 900°C of the 70 % deformed at 1 000°C specimens, the 

hardness remained constant, at the same level as that of the hot- pressed sample 

and that the microstructure did not change [160]. Recrystallization began at a 

temperature higher than 900°C and was very sluggish. Annealing at 900°C resulted 

in 18 % volume recrystallization and at 1040°C (after 20 min) in 96 % recrystallized 

volume. A high microstructural stability of the material at high temperature is 
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attributed to the recovery processes which reduce the driving force for 

recrystallization. 

The hot- pressed alloys in this study deformed extremely well, exhibiting virtually 

no edge cracking. Similar observation was made in 70 96 deformed Mn- and Cr­

modifications of AJ3 Ti intermetallic [11 ]. However, the Mn- containing L l 2 

compound exhibited better fabricability than the Cr- containing counterpart. The 

resultant grain size was ~50 µm which is very similar to 45 µm grain size obtained 

in this study. This ability to successfully forge such materials promises a viable 

processing route for near- net- shape components such as blades and 

compressors in engines. 

Small amount of second phase was found in the high-Mn alloy doped with 0.66 at.% 

8. Its content was measured to be 1 %±0.996. The details of the microstructure of the 

alloys tested are given in Table 5 .2. The composition of this phase corresponds to 

y1 phase in Fig.Bl. 

Boron doping with a level of 0.24 at.% and 0.66 at.% resulted in formation of 

borides whose content combined with needles was higher for higher doping level. 

The work on boron- doping of L 12 A'3 Ti- based intermetallics [32] indicated that 

1600 ppm of boron introduced to A(3Ti (Cul 2.5) alloy formed various types of 

aluminum and titanium borides, whereas when added at the level of 500 ppm (level 

of up to 25 ppm was investigated) the existence of borides was not detected. Boron 

doping level at 0.004 at.% (~ 1 0ppm) in the present study also did not result in 

formation of borides. 

The intention of introducing boron was its segregation to grain boundaries at 

elevated temperatures to prevent IGF. Windowless EDS analysis (Fig.5.18) shows no 

peaks from boron in the matrix which might be due to the fact that boron level was 
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below the detection limit . For the same reason, the presence of boron at the grain 

boundaries could not be checked. However, it is known that in Ni3AI intermetallic 

alloy boron preferably resides at grain boundaries rather than in the lattice [134]. 

6.2 Microstructure of Powders and Resulting Grain Size 

RT compaction did not lead to full densification of powder. With increasing applied 

pressure, however, the degree of densification also increased and so did the 

microhardness. At 2400 MPa powder particles started to cold weld to each other. 

Nominal pressure of 2580 MPa kept for longer time caused the failure of the WC 

plungers which resulted in the partial pressures exerted probably much in excess of 

2600 MPa. Such a high pressure cold welded powder particles almost completely in 

small areas, leading to very low porosity level. Additional sintering in air of cold 

compacted powders did not lead to densification. 

The best results were obtained by hot pressing of cold, pre- compacted buttons. 

Two different schemes of high temperature loading resulted in different 

microstructures. On the one hand, when the cold pre- compacted buttons were 

allowed to achieve the required temperature and then loaded, the resulting 

microstructure was highly compacted but with one main drawback. The oxidation 

of particle surfaces prevented their fusion and resulted in the network of thin oxide 

film along the particles' boundaries observed on the cross-section of the compact. 

These oxide envelopes were counted by the Java system as porosity resulting in an 

overestimated value of porosity for this specimens (Table K.S; specimens K.5.1-

K.S.S). Such apparent "porosity'11 actually reflects the surface fraction of such oxide 

film on the polished specimen surface but not "real" porosity. Therefore, it is 

recommended to use high vacuum or an inert gas for hot compaction. When 
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compressed in vacuum or in argon, the load could probably be applied upon 

reaching the desired temperature. This option of loading is less aggressive and 

detrimental for inserts, since most of the ceramic materials cannot withstand the 

simultaneously imposed high pressure and high temperature gradients. On the 

other hand, applying pressure right from the beginning of heating prevented 

oxidation of powder particles. The lowest porosity level of ~0.4% was obtained at 

the highest temperature used of 900°C. 

Specimens made in Australia retained their microhardness level. The time to reach 

the compaction temperature of 900°C was ~4-5 min. In contrast, those made in 

this study lost ~50% of their original microhardness due to prolonged time ~45 min 

to reach the compaction temperature. This difference of microhardness, most 

probably originates from different grain size and/or possible segregation of 

interstitial impurities such as C and/or N to the nanocrystalline grain boundaries 

upon heating and causing grain-boundary age hardening [161 ]. The grain size in 

the recrystallized areas of the outer layer of the present compacted powders still is 

estimated from Fig.5.105 as 0.5-2 µm in size. Some particle cores recrystallized 

with the grain size ~2- 20 µm (Figs.K.1 5 and K.16). The grain size in the 

unrecrystallized areas of the outer layers (Figs.5.1 OS and K.16) could be roughly 

assessed based on the data presented in Ref. [161]. The same powder as used in 

the present work (milled for 208h) when annealed at 600°C for 60 min exhibited 

the 29 nm grain size, whereas annealing for 240 min resulted in 35 nm grain size. 

In the present work, powders were heated for ~45 min from RT to 900°C before 

pressing, and for 15 min at 900°C during pressing. Therefore, the grain size could 

be assessed to be in the range ~0.1-1 .0 µm. Correspondingly, the grain size in the 

compact obtained in Australia is assessed to be in the range 0.05-0.1 0 µm. 
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Therefore, the principal difference between the microstructure of the powder 

compacts obtained in Australia and in the present work is that there was no 

recrystallization and/or grain growth in the outer layers in compacts obtained in 

Australia (Figs.5.104, K.13 and K.14). Only particle cores and some interparticle 

regions recrystallized (Fig.5 .104). On. the other hand, compact produced in this 

work exhibited a relatively large volume (~50%) of recrystallized grains within the 

size range ~0.5-2 µm (Figs.5.1 OS and K.16). The diffused boundaries between 

unrecrystallized and recrystallized regions cause the observed gradual transition of 

indentation size (and corresponding microhardness) from one region to the other 

(Fig .5 .1 09). 

The plastic flow of powder particles observed in the compacts obtained in the 

present work was very inhomogenous (Fig.5.106). The lowest deformation was in 

the vicinity of loading axis and the highest in the regions far from the center and at 

the external surface. However, different amounts of plastic deformation did not 

cause large differences in microhardness throughout cross section of a button 

meaning that the material was well annealed. 

6.3 Fracture Toughness 

6.3.1 Important Aspects of Fracture Toughness Testing Methodology 

The limited plasticity requirement established by the ASTM E399 Standard (114] 

was satisfied for each specimen tested in this work. Almost always, the P-LLD 

curves for both SEPB and CNB type specimens of the boron-free, "base" 9Mn-25Ti 

alloys were linear up to the maximum load PM (Figs.5.19 and 5.20). Only at the 
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highest temperatures, a few specimens showed non-linear behavior before 

maximum load (Figs.5. l 9a no.6 and 5.20a no.6). 

The fracture of high- Mn (boron doped and undoped) and low- Mn (boron-doped) 

material, on the other hand, was characterized by numerous pop- ins, before and 

in the peak load region (Figs.5.21 a, 5.22, 5.24 and 5.26). The events were 

evidenced by audible clicks. These crack jumps were less often encountered in low­

Mn alloy, especially at low and ambient temperature and also they were "weaker" 

(very often not audible). The occurrence of these pop-ins is beneficial because they 

provide a very sharp crack tip. 

At low and ambient temperatures a specific pattern of fracturing was observed. In 

this temperature range, cleavage is a predominant mode of fracture. When the 

fracture origin was placed close to the notch tip, the load had a tendency to drop 

more gradually. If the "river'' markings or cleavage steps were well developed and of 

substantial relative dimensions, the fracturing usually exhibited pop- in events 

before reaching maximum load. Short pop- ins were also often occurring when 

small cleavage planes were substantially misoriented one with respect to the other. 

However, even at 1 000°C, when the cleaved planes were bigger (~500 µm in 

diameter due to large grains), highly misoriented and placed at the notch tip, rapid 

load drop commenced and further crack advance was halted by intergranular 

fracture. It seems that it is much easier for the specimens to pop- in the region of 

maximum load than completely suppress rapid load drop. If cleavage originated 

from a few weak spots in the vicinity of the notch tip, the crack advance seemed to 

be smoother. Also, when there was one cleavage center and placed some distance 

(for example as observed 400- 500 µm) from the notch vertex the fracture was 

rapid and large load drop resulted. It was also observed that large and deep 
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secondary cracking usually did not help preventing catastrophic fracture at low 

temperature. 

An important fact that the toughness is independent of the geometrical relations 

(S1 /S2 and S1/W) (in the range of dimensions tested) is confirmed in Figs.5.SOb and 

5.79. CNB specimens of the 9Mn (Fig.5.50) and 9Mn-0.004B (Fig.5.79) alloys were 

tested in the temperature range from RT-1 000°C. Subsequently these specimens 

were cut into halves and tested again in the same temperature range. The 

toughness results for both large specimens and their halves gave the same bound 

of scatter of fracture toughness values. 

The only toughness tests conducted in this work that produced unreasonably high 

toughness values and huge scatter are those on CNB specimens tested in 3pt. 

bending. The substantial difference in toughness values obtained in 4 pt. and 3 pt. 

bending of CNB specimens could possibly be explained by the different shape of 

the geometrical function, v·, with crack length. Since the toughness values are 

calculated from the maximum load during the test and since there are usually no 

subcritical crack growths, the required "timing" between occurrence of maximum 

load event and minimum value v• min of the geometrical function, is doubtful. The 

values of Umin, which designate the nondimensional crack lengths at which the 

geometrical function, Y., reaches its minimum values, are considerably higher in 3 

pt. bending than in 4 pt. bending. If the maximum load and Y-min do not occur 

simultaneously there is an error introduced in calculations of fracture toughness. 

The bigger the um1n the greater the magnitude of that error which might be the case 

for 3 pt. bending. Notwithstanding the above mechanism of error in CNB specimen, 

the toughness values obtained in 3 pt. bending are much higher, instead of being 

lower than the true toughness values. 
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Other approach could also be applied to explain the values obtained in 3 pt. 

bending. Generally, the catastrophic failure of CNB specimens is treated with 

caution, due to possible overloading, e.g. the maximum load obtained in testing 

can be higher than that required for crack initiation and further its stable 

propagation [l l 5]. However, similar reasoning could be applied to 4 pt. tests, yet in 

this case the catastrophic failure does not imply the overloading because the 

fracture toughness values are similar to those obtained on SEPB specimens. On the 

other hand, the amount of possible overloading should be smaller in more 

compliant specimens (assuming similarity in notch accuity) which is related to the 

rate of increase in the elastic energy stored in the specimen before onset of 

fracture. 3 pt. bending configuration is more preferable from this point of view. In 

summary, there was no reasonable explanation for persistently higher toughness 

values obtained in 3 pt. bending. Therefore, they are presented here only to show 

that the results of tests on CNB specimens that fractured in catastrophic manner 

should be confirmed by other test methods (for example SEPB specimen type). 

6.3.2 Toughness of Coarse- Grained Boron-Free, "Base" 9Mn-25Ti Alloy in 

Air and Crack Tip Plasticity Observations 

To date, only one study on the fracture toughness of the Lh Al3Ti modified 

intermetallics has been reported by Brown and Kumar [49]. In that study, the 

fracture toughness tests were carried out on SENB type specimens (with notch root 

radius 50 µm) and only up to 700°C. 

Fracture toughness results conducted on SEPB specimens (in the present study) at 

RT conformed surprisingly well to the plain strain condition requirement. 

Toughness shows steep increase for remaining ligament lengths (RLL) that are 
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below the required minimum. For longer RLL the toughness levels off and is in the 

range 4- 4.5 MPa✓m which is taken as representative, plane strain fracture 

toughness at RT. In contrast, work of fracture does not show this type of 

dependence (at least in the range of RLL tested). 

The interpretation of the results becomes more complex for tests conducted at 

higher temperature. Raising temperature affects not only the toughness and work 

of fracture but also directly influences the mode of fracture. This change in mode of 

fracture with temperature is also most probably the principal source of scatter of 

the results. The observed tendency is that for the specimens which exhibited much 

different fracture modes at the same temperature, the tested properties also 

showed large scatter. However, very similar modes do not imply similar mechanical 

properties when tested at given temperature. At ambient temperature it seems that 

toughness shows a similar tendency to decrease with larger RLL, similar to that at 

RT. However, for temperature above 500°C there is no such a dependence. 

Suggestive explanation could be that changes of fracture mode with temperature 

from TGC to IGF can destroy the stress- strain field at the crack tip representative 

of that at room temperature and the grain boundary cracking can release stresses 

at the tip of the crack causing the plastic zone decrease in size. Such small plastic 

zones seem not to interact with specimen boundaries and have no effect on 

toughness. 

Again, as it was at RT, work of fracture does not show dependence on the RLL. The 

lack of this dependency for work of fracture indicates that there is no correlation 

between this property and the initiation fracture toughness, K,c and it is also well 

reflected in the fact that none of the assumptions of linearity for the test specimen 

are made for calculations of work of fracture. This property could be determined in 
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the absence of any information on stress intensity factor K, and the notch tip 

accuity [l 30]. 

One of the most striking observations is the occurrence of a broad fracture 

toughness peak in 200°C- 500°C temperature range and a subsequent decrease of 

toughness to its RT value ~4.5 MPa✓m at 1000°C. Some KQ values in the peak 

temperature range lie above the plane strain validity line in Fig.5.49. However, the 

KQvM values obtained from the valid 4pt. large CNB specimens are in almost exactly 

the same range of toughness as the "invalid" KQ values from the 3pt. SEPB 

specimens in the 200°C- 600°C temperature range. It seems, therefore, that the 

observed toughness peak is true and that the formal plane strain validity criterion 

does not seem to be fully applicable to the material tested. One reason for that 

might be again a continuously changing mode of fracture with increasing 

temperature, from TGC to IGF. Since Brown and Kumar [49] carried out their 

fracture toughness tests only up to 700°C they assumed that the toughness 

increased continuously with increasing temperature which is to a certain extent in 

contradiction to the results in Figs.5.49 and 5.50. It must also be pointed out that 

there is no difference in fracture toughness behavior of equiaxed and columnar 

grained specimens. Finally, the fracture toughness values obtained in this work and 

the modes of fracture are consistent with those reported by Brown and Kumar [49] 

up to 700°C. 

For that matter, one may conclude that there is no difference in fracture toughness 

between coarse- and medium size- grained L l 2 titanium trialuminides if one 

compares coarse grain sizes observed in the present material with those reported 

by Brown and Kumar (~SO µm). The fracture toughness behavior vs. temperature in 

Fig.5.49 does not correlate with increase in tensile ductility of the cubic L l 2 Mn-
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and Cr- modified titanium trialuminides with increasing temperature (14, 1 5] 

although the gradual change in the fracture mode in tension from cleavage to 

intergranular observed in [14, 15] is the same as observed in the present work. 

Work of fracture, in contrast to toughness, increases continuously with 

temperature. It rises slowly to ~800°C and then abruptly increases. Similar 

dependence on temperature is shown by the "average" stress intensity factor since 

it is calculated from the work of fracture. It does not have a strict physical meaning, 

but still, it is used in the literature for characterization of complex fractures. 

Cleavage fracture at low temperature always resulted in a very low ywoF- It must be 

kept in mind that the grain morphology (equiaxed vis- a vis columnar) does not 

have any effect on KQ. However, the highest values of work of fracture observed at 

very high temperature (intergranular fracture IGF) correspond to the equiaxed 

grained specimens and the lowest ones correspond to the columnar grained 

specimens (Fig.5.66). 

For every test temperature the stress intensity factor calculated from the ywoF is 

larger than the stress intensity factor calculated from the maximum load, KiwoF>KQ 

(or KQvM)- The magnitude of their separation becomes larger and larger with 

increasing temperature. According to Rodeghiero et al. (142] and Jenkins et al. 

[1 38] this is a significant observation indicating non- linear fracture process or so­

called R- curve behavior. Moreover, the increasing separation of KQ (KQvM) and K1woF 

as a function of increasing temperature suggests a more extensive R- curve 

behavior for the higher temperature. It must be pointed out that the increase of ywoF 

and KiwoF with temperature correlate well with a gradual change in the mode of 

fracture from TGC to IGF. Physical meaning of high work of fracture is attributed to 

the pull- out of highly interlocked grains which are designated 1-2-3-4 in the 
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schematic in Fig.6.1 . It is assumed here that some grain boundaries are weaker 

than the others and the crack path will appear as shown in Fig.6. l . Substantial 

forces, not only at the onset of fracture but also at long cracks, must be applied to 

overcome grain boundary friction to pull-out grains 2-4 from in between 1-3. 

Some plastic deformation and the pull-out of the interlocked grains affect the 

propagation of cracks in many different and complex ways, and one of the 

important effects is the relaxation, or reduction of stress, which they produce at the 

tip of the crack. This effect which has been referred to as the "shieldingn of the 

crack from a remote stress has been recognized and considered by many research 

workers in terms of the reduction of the stress intensity factor K [l 62, 163]. This 

stress reduction lowers the local value of both the crack extension force G, and the 

stress intensity factor, K, so that the critical condition for crack instability is more 

difficult to achieve. 

- IGF path (weak GBs) 

-strong GBs 

1,2,3.4- Interlocked grains 

Figure 6.1 Schematic presentation of the interlocked grains. Shaded grains 
represent the portion (lower) of the polycrystal which is being pulled­
out from the unshaded portions (upper) of the polycrystal. 

A correlation between toughness and mode of fracture gave a hint for direction in 

designing tougher but still single phase material. However, it must be recognized 
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that, as was observed, the toughness is not a unique function of fracture mode and 

as will be confirmed later (section 6.3.5) is not the only function of fracture mode in 

the studied alloy. 

An interesting feature is the nature of crack advance noticed in the present work. At 

some crack tips, high magnification, SEM observations of the step-wise loaded SEPB 

specimen revealed that a sharp precrack advances by formation of a few crack 

branches, and that a "cloud'' of tiny microcracks is formed in the tip region. No 

signs of slip lines were observed. This type of crack advance very often occurs in 

ceramics where no dislocation activity is present due to a high energy barrier for 

dislocation emission even at high temperature. Also, very often, such bridging (in 

certain limits [148]) leads to increase in toughness with crack extension. Shear 

ligaments formation was also clearly observed during loading (Fig.S.90b). Such 

ligaments are known to increase the toughness for extending cracks and work of 

fracture but not the initiation toughness. 

Still another characteristic feature at some crack tips was also observed. It is the 

localized deformation confined to the parallel bands (Fig.5.96). The plastically 

deformed region ahead of the crack tip appears entirely different in another L12 

intermetallic alloy, Ni3AI (and NhAl+B) (Fig.5.97). It can be seen that in Ni3AI, a 

larger volume of the material undergoes plastic deformation, which is more uniform 

and plane stress region at the tip is evident. 

From the observations made in this study it can not be determined under what 

conditions the crack tips in low-Mn alloy develop localized plastic deformation and 

under what conditions microcrack zone forms without noticeable plastic 

deformation. However, an important conclusion could be that in order to increase 
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the fracture toughness of the 9Mn-25Ti alloy some degree of dispersion of the 

localized deformation at the crack tip should be achieved. 

6.3.3 Effect of Grain Size and Grain Orientation on Fracture Toughness of 

"Base" 9Mn-2 STi Alloy. 

As presented in Section 2.5 Armstrong [94] developed a model relating the critical 

stress intensity factor, Kc, to grain size, d. The dependence is a Hall-Petch type: 

(2.2) 

where C is a constant of proportionality, s is the plastic zone size, cro is a measure 

of the lattice frictional stress and k is the microstructural stress intensity. 

A reasonable agreement with this dependence was achieved in a number of 

investigations [95,96] on steel materials tested at relatively low temperatures. 

Recently, Mercer and Soboyejo [98] have tested gamma titanium aluminides (TiAI) 

and their results also clearly showed that a direct linear relationship exists between 

fracture toughness and d-112 , indicating a Hall-Petch behavior. 

The goal of the powder processing in the present work was to obtain a bulk 

material appropriate for fracture toughness testing with the retained 

nanocrystalline structure of the powder to the largest extent possible in order to 

check whether the fracture toughness of cubic titanium trialuminide also increases 

with decreasing grain size as predicted by Hall-Petch relationship. 

There were no radial cracks emanating from indentation corners (even at 2000 g 

load) for both- bulk material obtained by casting, homogenizing and HIP-ing and 

for hot compacted powders obtained in this study (powder compact no. K.5.6 in 

Table 5). Also lateral damage of indentations was not observed in either case. 

However, even though there were no cracks the material region close to the 

236 



indentation appeared different in both cases. The as-cast bulk material exhibited 

extensive plastic deformation with slip lines parallel to the sides of indentation. 

Such configuration of dense slip lines did not result in plastically induced 

microcracking. On the other hand, hot compacted powder "absorbed" and "spread" 

the plastic deformation in such a way that no slip lines were noticeable at the 

indentation sides and the surface at the indentations remained perfectly flat. It 

must be pointed out that the bulk material was much softer than that prepared 

from powder (163 HV 2- Table 5.4 vs. 310 HV 0.01- Table K.5). 

Powder compacts obtained in Australia (compacts no. K.4.2 in Table K.4) behaved 

differently. Their microcracking at loads as low as l 00 g could be attributed to high 

microhardness retained after processing (~730 HV0.01- Table K.4). Unfortunately, 

the small disk- bend method [164] of toughness measurement could not be 

applied to this material since it was available in very small pieces. Instead, 

indentation fracture toughness was used successfully. Contrary to the hopeful 

expectations, the material with such a small grain size (probably still much below 1 

µm) resulted in the fracture toughness barely half that of the cast and coarse 

grained material (~2 MPa✓m). 

According to the model developed by Armstrong [94] (eq.2.2, section 2.5), 

toughness follows the Hall-Petch dependence on the grain size. In this model, a 

consequence of reaching the lower limit of grain size (approximately equal to the 

plastic zone size) is the triggering of the reversed negative slope of the Hall-Petch 

dependence (eq.2.3). Fig.6.2 shows the fracture toughness dependence on the 

inverse square root of grain size (similar to the Hall-Petch dependence) determined 

in the present work. For the partially recrystallized powder compact obtained in the 

present work the recrystallized grain size was assessed to be in the range 0.5-2 
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µm. This material did not show any corner microcracks around a Vickers indent 

made under 2 kg load and therefore the indentation fracture toughness could not 

be calculated at this load. To roughly assess the upper limit of fracture toughness 

of this material it is assumed that a 1 0 kg load could cause the total crack length 

around the Vickers indent to be equal to that caused by 2 kg load in the compact 

obtained in Australia (~62 µm x4, the average crack length from Table LS). This 

assumption leads to the upper bound of fracture toughness of ~4.6 MPa✓m. In a 

similar way, the lower bound of toughness can be calculated at the 3 kg load. This 

results in toughness of 2.5 MPa✓m for the lower bound. The estimated average 

could be ~3.5 MPa✓m. This value is indicated in Fig.6.2. The exact formula 

correlating the toughness to the grain size could not be found in the present work 

due to the rough estimate of the grain size of powder compacts and a broad band 

of toughness assessed for the powder compact obtained in the present work. 

However, it can be seen from Fig.6.2 that below certain critical grain size, the 

toughness clearly decreases. In this aspect, the results confirm the Armstrong's 

model (94] (eq.2.3). It can also be seen from Fig.6.2 that toughness seems to be 

independent of grain size for grains larger than 45 µm. This lack of dependence is 

in contradiction to the Armstrong's model. According to Morris [101 ], for a material 

exhibiting toughness 3-5 MPa✓m and the Hall-Petch exponent n of 0.5, the brittle 

to ductile transition takes place for the grain size in the range 300-30 µm. The 

analysis was based on the assumption that if the critical crack length is less than 

the grain size the material fails, while if this length is greater than the grain size the 

material is stable and able to deform plastically. Unfortunately, the data in the 

present study can not be analyzed using Morris' model [l 01] since toughness is 

practically independent of grain size in the range 1270-45 µm in the present study. 
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Figure 6.2 Fracture toughness dependence on grain size of 9Mn-25Ti alloy. 

The inverse square root dependence of toughness on average grain/lamellar colony 

size in gamma based titanium aluminides was reported by Mercer and Soboyejo 

[98]. On the other hand, a lack of toughness dependence on grain size for gamma 

based titanium aluminides was reported by Gnanamoorthy [99]. In the latter study, 

however, the equiaxed grains of a single phase Ti-SOAI were tested instead. 

Therefore, it seems that the Hall-Petch dependence reported by Mercer and 

Soboyejo was caused by some extrinsic toughening mechanism like for example 

shear ligament toughening typical for two-phase titanium aluminides [l 65]. Similar 

dependence of toughness on grain size for two phase (-y+a.2) TiAI alloys to that 

obtained in the present study was reported by Morris and Leboeuf [102]. Fracture 
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toughness decreased slightly (12-1 0 MPa✓m) as the grain size was reduced over 

the 100-5 µm range, and then fell rapidly (10-5 MPa✓m) for smaller grain sizes. 

Lewandowski et al. [166] reported that the fine-grained, heavily deformed structure 

of NiAI resulting from the low-temperature hydrostatic extrusion processing 

produced the fracture toughness ~ 12 MPa✓m with the resistance curve behavior. 

However, the removal of the beneficial dislocation substructure via annealing at 

973K returned the flow and fracture properties to that obtained in the NiAI 

conventionally extruded at high (11 73K) temperature. Their hydrostatically 

extruded material had 1 2 µrn grains in the transverse section with subgrains less 

than 1 µm in size and a dislocation density in the range 1011 -1012 cm-2. It was also 

shown [167] that simply refining the grain size of NiAI has not significantly 

increased the toughness nor significantly changed the fracture mechanism, 

although the compressive yield strength was enhanced somewhat. Lewandowski et 

al. [166] suggested that their results could be explained by the model proposed by 

Ashby and Embury [66] (see section 2.4.2.1) in which a certain dislocation density is 

required in order for a BCC material to be ductile. In the present study, the 

recrystallized material exhibited a microhardness of 170±0.7 (HV 1 kg) and 174±3 

(HV 1 kg) (Table C.1) for the partially and fully recrystallized material, respectively. 

The microhardness of the cast, homogenized and HIP-ed material is ~ 163 (HV 2kg) 

(Table 5.6) which is just a little lower than for the recrystallized alloy. These results 

suggest that the recrystallized material is free of substructure and the dislocation 

density is low. Therefore, according to Lewandowski et al. [1 66] such a material will 

not show increased fracture toughness with respect to the coarse grained material. 

The effect of prestraining of cubic Ah Ti on fracture behavior was reported by 

Kumar and Brown [56] (section 2.4.2). It was found that prestraining the 
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polycrystalline Ll 2 compound, either at low (298K) or elevated temperature (1273K) 

was unsuccessful in improving the bend ductility; instead the available ductility in 

the well-annealed material was lost. The authors argued that the dislocations 

produced during prestraining may be immobile and do not contribute to enhanced 

plasticity. Similar conclusion was reached by Farkas [85] in her atomistic 

simulations on NiAI of crack response. It was shown that when the emitted 

dislocations are sessile and stay in the immediate vicinity of the crack tip the 

emitted dislocations can actually lead to brittle failure. Therefore, it seems that 

increasing the initial dislocation density in the Mn-modified Ab Ti alloy might not 

produce beneficial effects on fracture toughness. 

It is also worth mentioning that at 1000°C the fracture toughness for the partially 

dynamically recrystallized material with the average grain size ~45 µm was 7.8 

MPa✓m which is substantially higher than average toughness for coarse-grained 

material (4-5 MPa✓m) at this temperature. Therefore, it seems that the grain 

refinement could result in a continuous increase of toughness with temperature. 

6.3.4 Effect of Environment 

Fracture toughness shows no clear dependence on the environment at ambient and 

liquid nitrogen temperature (Fig.5.57). Therefore, there is no moisture effect on 

fracture toughness of 9Mn-25Ti alloy. 

The disappearance of the toughness peak in argon at the intermediate temperature 

range (Fig.5.56) cannot be explained by the change in the mode of fracture since 

there is practically no difference in mode of fracture vs. temperature in air and 

argon. The KQ fracture toughness numbers indicated in Fig.5.46 show that there is 

no dependence of fracture toughness on the fraction of intergranular (or cleavage) 
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mode of fracture for specimens tested in air and argon. It must also be pointed out 

that the KQ values obtained at higher temperature in both air and argon do not 

exhibit any dependence on the remaining ligament length, (W-a), (Fig.5.58) as 

observed at RT (Fig.5.57a). It is clearly seen that KQ data obtained in argon are 

independent of the remaining ligament length in the 800- 2500 µm range. The 

scatter of data obtained in air is the effect of the existence of a KQ peak at 

intermediate temperatures (Figs.5.49 and 5.50). It has also been found that in both 

air and argon the fracture toughness at various temperatures is independent of 

whether the grains are equiaxed or columnar. Also, the orientation of columnar 

grains being either perpendicular or parallel to the direction of loading does not 

have any measurable influence on the obtained values of KQ or KQvM. This has been 

carefully checked for specimens tested in air and argon by either examining in SEM 

the fracture surface of those SEPB and CNB specimens which exhibited largely an 

intergranular failure or by etching the sides of the specimens which failed by 

cleavage and noticing in both cases the orientation of columnar grains with respect 

to the loading axis. Also, the cleavage fracture areas on the fracture surface of 

specimens tested in air and argon at temperature of 400, 500 and 600°C which 

correspond to the KQ or KQVM peak range in air, were carefully examined in SEM 

under various magnifications with the objective of revealing differences (if any) in 

the cleavage behavior during testing in air and argon that could explain the 

disappearance of the KQ peak during testing in argon. Typical examples of cleavage 

surface appearance after fracture toughness test at S00°C in both air and argon are 

shown in Figs.5.37c and d and 5.42b and c. Each large cleavage facet (area) 

contains numerous parallel cleavage planes joined by tearing steps approximately 

perpendicular to the cleavage planes. The tearing step lines form the "river 
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patterns" on the cleavage facet. Unfortunately, there is no discernible difference 

between cleavage facets obtained in air and argon. They look quite alike. One might 

speculate that the elimination of the intermediate temperature fracture toughness 

peak in argon might be somehow related to the trapping of the argon gas at the 

crack tip. This might lead to a build up of a localized argon pressure at the crack 

tip and assisting in easier crack propagation. Unfortunately, the exact mechanism is 

unclear. Therefore, the origin of the fracture toughness peak in air at the 

intermediate temperature range and its elimination during testing in argon does 

not have any immediate explanation. 

6.3.5 Effect of Boron and (Manganese+ Titanium) Concentrations on 

Microhardness 

Table 5.6 in section 5.6 shows the average microhardness values (HV2) of the alloys 

studied. In an earlier study, Winnicka and Varin [168] showed a nearly linear 

increase of HV with increasing Ti concentration in the L l 2 Al3 Ti()() alloys where 

X=Cr, Mn, Fe, and Cu. No microstructural studies by TEM were conducted in [168] 

and it was not clear whether the observed increase in HV could be the result of the 

existence of fine Al2 Ti precipitates or simply the effect of increased Ti concentration 

in the Lh matrix. The very fine Al2Ti precipitates have been frequently observed by 

TEM in low-Mn, high-Ti trialuminides [4,5, 133,169]. However, more recent studies 

of microhardness of the Al2Ti precipitate-free zones (PFZs) in L12 Al3Ti(Ni) by 

Biswas and Varin [l 70], showed clearly that Vickers microhardness of PFZs (plain 

Lh matrix) increased with increasing concentration of Ti, Ni and/or (Ni+ Ti) in the 

PFZs. Nakayama and Mabuchi [1571 reported that microhardness of the L h matrix 

in AhTi(X), where X=Cr, Mn, Ag, Cu, and Ni, increased with increasing Ti 

concentration and the most pronounced effect was observed in the Ni-bearing 
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alloy. This result confirms the results obtained by Winnicka and Varin (168] and 

Biswas and Varin (170}. Furthermore, Mabuchi et al. (36] reported that Vickers 

micro hardness of the L l 2 matrix in A(3 Ti(Mn), was nearly independent of the Mn 

content in the range 9-1 8 at%, but increased with increasing Ti content. They 

concluded that the microhardness of the L l 2 phase might be dependent on an off­

stoichiometry for the titanium composition in the matrix, but was independent of 

the Mn concentration in the matrix. The microhardness results obtained in the 

present work (Table 5.6) and those obtained by other researchers, indicate very 

clearly that in the Mn and Cr alloyed trialuminides with high-Mn (or Cr) and Ti 

concentrations, the increase in Vickers microhardness of the L l 2 matrix is not the 

result of Al2Ti precipitates. Rather, this is the effect of the increased Ti 

concentration (off-stoichiometry for titanium). This is also in agreement with the 

ternary Al-Mn-Ti phase diagram reported by Zhang and Mikkola (107] because at 

the composition of ~(14-15) at% Mn and ~(29-31) at% Ti, the Al2Ti precipitates 

cannot form according to the phase diagram. In trialuminides alloyed with Ni the 

increase of microhardness may be the combined effect of Ni+ Ti concentration 

[157,170}. It must also be pointed out that XRD studies conducted in the present 

work did not reveal the existence of any additional phase in the investigated 14Mn­

type alloys. Even the X-ray peaks from phases such as y1, borides and needle 

(fibrous)-like Ti2AIC (or Ti2AIN) which are observed under optical/ scanning 

microscope, were not represented in the XRD scans. This confirms their very low 

volume fractions. The only XRD peaks observed beside oxides are those from the 

Ll 2 matrix. 

On the one hand, the mechanisms that might be responsible for the increase of 

hardness with increasing Ti content, could be an increase in the number of antisite 
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defects. Kogachi and Kameyama [171] reported that in a Lli Al3Ti(Cr) the number of 

the Cr atoms substituted on the Ti sites (CrTI) and the n atoms substituted on the 

Al sites (TiAJ) increased substantially with increasing Cr and Ti concentrations. On 

the other hand, however, the strengthening efficiency of antisite defects in 

intermetallics seems to be quite modest. Chang et al. [172] have estimated for B2 

FeAI intermetallic that the dislocation-point defect interaction coefficient is about 

fourty-fold lower for antisite defects than vacancies. It is, therefore, not clear 

whether such a relatively weak mechanism might be indeed responsible for the 

observed increase in microhardness. 

6.3.6 Effect of Boron and (Manganese+ Titanium) Concentrations on 

Fracture Toughness 

The major purpose of boron doping was to strengthen the weak grain boundaries 

at high temperatures which would possibly lead to higher toughness. Unusual 

feature of boron is that its segregation is stronger at grain boundaries than at free 

surfaces [1 34], in contrast to most embrittling solutes, which segregate more 

strongly to free surfaces. Boron has been found to be the most effective in 

improving the tensile ductility of Ni3AI ( <25 at.% Al) tested in air at RT [134, 1 73]. 

Ductilizing effect of boron in Ni3A( at room temperature is, for example, attributed 

to enhancement of grain boundary cohesion [51,174,175] and possibly permission 

of slip transmission across grain boundaries by means of grain boundary partial 

dislocations that are generated at the head of a pileup [176, 1 77]. 

Table 6.1 shows a summary of the observed percentage improvement of fracture 

toughness with respect to the toughness of boron-free "base" 9Mn-25Ti alloy 

(Figs.5.79 and 5.80 in section 5.6). at various temperature ranges. The 
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microstructural factors such as the TGC/IGF transition temperature and fractions of 

IGF at 800-1 000°C, accompanying fracture, are also shown. Various aspects of 

fracture toughness improvement are discussed in the following sections based on 

data summary in Table 6.1. 

Table 6.1 A summary of the observed fracture toughness increase in percent with 

respect to boron-free 9Mn-25Ti alloy at various temperature ranges and 
microstructural factors accompanying fracture. 

Alloy Fracture toughness increase TGC/IGFTT Fraction of IGF 
(at.%) (%) {°C) at 800-1000°c 

RT 200-600°C 1000°c (%) 
9Mn-25Ti-0.004B 25-50 None 50-100 200 80-100 
9 Mn-25Ti-0.258 25-50 None 50-100 200 80-100 
9Mn-25Ti-0.668 25-50 None 50-100 200 80-100 

14Mn-29Ti None None 100-200 600 30-50 
14Mn-29Ti-0.248 100 50-100 100-200 600 20-80 
14Mn-30Ti-0.65B 100 50-100 100-200 600 30-80 

Fracture Toughness at Room Temperature 

At room temperature, a very small addition of boron (0.004 at%) improves 

moderately (25-50%) the fracture toughness of 9Mn-25Ti alloy. Larger amounts of 

boron do not seem to benefit toughness of this alloy. The observed improvement is 

not accompanied by any changes in the fracture mode, which remains TGC 

(Fig.5.79). High-(Mn+ Ti) concentration in boron-free 14Mn alloy does not improve 

toughness at room temperature. This result is to a certain extent contrary to the 

result of Mabuchi et al. [36] who reported a greater bend ductility of high-(Mn+ Ti) 

cubic trialuminides. However, boron doping of high-(Mn+ Ti), 14Mn-type alloys is 

very beneficial for the improvement of fracture toughness at room temperature, 

which increases by 100% (Table 6.1, Fig.5.80b,c). However, the mode of fracture is 

still TGC. Apparently, a combination of the boron addition and high concentration 

of (Mn+ Ti) enhances fracture toughness with respect to that observed for both 

boron-free and boron-doped low-(Mn+ Ti) alloys. Since the volume fraction of 
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second phase particles in boron-doped 9Mn-2 STi and 14Mn-type alloys is very 

similar and rather quite small ( <5%) (Table 5.2) this effect does not seem to be 

related to the presence of these particles (which might affect toughness through, 

for example, crack bridging and/or crack deflection). In addition, the improvement 

of fracture toughness of boron-doped high-(Mn+ Ti) alloys at room temperature 

seems not to be related to an increased hardness of these alloys as compared to 

9Mn-type alloys. Boron-free 14Mn exhibits an increased hardness (Table 5.6) but 

no improvement of fracture toughness (Table 6.1 and Fig.5.80a). More likely, there 

might be some interactive effect of boron and high concentration of (Mn+ Ti) on 

TGC at room temperature. As mentioned before, Kogachi and Kameyama [171] 

reported an increase of antisite defect numbers with increasing titanium and 

alloying element concentrations in cubic titanium trialuminides. It can be 

speculated that the boron atoms may interact with antisite defects, affecting the 

cleavage crack tip and leading to improved fracture toughness. However, the exact 

mechanism is not well understood and further studies are required. An alternative 

model of the toughness increase at room temperature could be outlined in the 

following way: 

Boron segregates to grain boundaries (GB) 

GB are strengthened 

Crack at RT propagates as TGC crack until it encounters a strong GB. It stops 

there and it must renucleate on the other side of strong GB but it propagates 

further still as TGC because the matrix is not strengthened by boron. Again it 

encounters another GB and the process is repeated. 

247 



Fracture Toughness at Intermediate and High Temperatures 

As can be seen in Table 6.1 and Fig.5.79 for 9Mn-type alloys, a very small addition 

of boron (0.004 at%) improves moderately (50-100%) the fracture toughness at 

1000°C. Larger amounts of boron (0.25 and 0.66 at%) benefit slightly the fracture 

toughness at 800°C but not at any other temperature. It does not seem to affect, 

however, the fracture toughness in the intermediate temperature range 200-600°C. 

The observed boron-induced improvements of toughness at 800-1 000°C are not 

accompanied by any changes in the fracture mode. The variations in the mode of 

fracture remain the same with temperature as those for boron-free "base" 9Mn-

25Ti alloys (section 5 .6), i.e. TGC at room temperature with a gradual increase in 

IGF as temperature increases (Fig.5.81 ). 

In boron-free 14 Mn alloy, an increased concentration of Mn+ Ti improves fracture 

toughness only at 1000°C (Fig.5.80a). No improvement at the intermediate 

temperature range 200-600°C is observed. This is accompanied by a substantial 

suppression of IGF mode at the temperatures above TGC/IGF TT (Fig.5.82a). It 

seems that the IGF suppression resulting from high (Mn+ Ti) is the major 

mechanism of toughness improvement at 1000°C of boron-free 14Mn alloy. 

In boron-doped 14Mn-type alloys, at the intermediate temperature range 200-

600°C, the effect of boron is more complex. Only the alloy with 0.24 at% B shows 

quite obvious toughness improvements with a relatively small scatter of results. 

Higher boron concentrations result in a larger scatter and do not increase fracture 

toughness any further (Table 6.1, Fig.S.80b,c). At temperatures above TGC/IGF TT 

(~600°C) the boron doping seems to increase the fraction of IGF with respect to 

that for boron-free 14Mn alloy (Fig.S.82b,c). However, as can be seen in Table 6.1, 

the fraction of IGF in boron-doped 14Mn-type alloys is still lower than that in 9Mn-
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type alloys. Simultaneously, boron improves fracture toughness at 1000°C, mainly 

by eliminating experimental scatter, rendering the fracture toughness values more 

consistent (Fig.5.80b,c). 

An important observation is that for 14Mn-type alloys the TGC/IGF TT is shifted to 

a much higher temperature of 600°C. However, boron doping does not affect the 

TGC/IGF TT (Fig.5.82). That implies that the shift can solely be attributed to the 

increased concentration of (Mn+ Ti). A question arises whether or not the TGC/IGF 

TT shift is responsible for an improvement of fracture toughness at elevated 

temperatures. Boron- free 14Mn alloy exhibits the TGC/IGF TT shift (Fig.5.82a) but 

its fracture toughness up to 800°C is not improved. It seems, therefore, that the 

mere shift of TGC/IGF TT to higher temperatures is not a primary cause of fracture 

toughness improvement at elevated temperatures. 

From a discussion above some factors emerge which, at present, can be related in 

only a qualitative manner to the fracture toughness improvements at intermediate 

(200-600°C) and very high temperatures (800-1 000°C). In boron-doped 9Mn-25Ti 

(i.e. low-(Mn+ Ti)) alloys, the improvement seems to be mostly due to the presence 

of boron at the grain boundaries (strongly suggesting that boron indeed segregated 

towards grain boundaries), without changing IGF mode. As seen in Table 6.1 this 

effect is moderate (50-100% toughness improvement). 

In 14Mn-type alloys (i.e. high-(Mn+ Ti)), a complex combination of an increased 

concentration of (Mn+ Ti), suppression of IGF and boron doping (with most likely 

segregation at the grain boundaries) seems to be responsible for fracture 

toughness improvement. Thus, in boron-free high (Mn+ Ti) alloys a profound 

suppression of IGF by about 50% (Fig.5.82a) seems to be the major mechanism of 

fracture toughness improvement at 800-1000°C. In boron-doped high (Mn+ Ti) 
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alloys, fracture toughness improvement at 800-1000°C can be attributed to the 

combined effect of the possible presence of boron at the grain boundaries and the 

suppression of IGF. These proposed qualitative mechanisms are listed in Table 6.2. 

As shown in Figs.5.40 (9Mn alloy tested in air), 5.44 (9Mn alloy tested in argon), 

and 5.83c,d (boron-doped 14Mn alloy) dimples have been observed on the 

exposed grain boundary facets in specimens fractured at 1 000°C. This kind of 

fracture progressing by the linking of voids but to assume an intergranular fracture 

path is quite common mode of fracture of many engineering alloys at high 

temperatures (178]. Knott [1 79] classified this mode of high temperature fracture 

as an "intergranular fibrous fracture" and Ashby et al. [180] called it an 

"intergranular creep fracture". Usually, intergranular (fibrous) creep fracture is 

observed under tensile testing conditions at lower stresses and high temperatures 

of deformation. 

Table 6.2 An outline of the proposed qualitative mechanisms which might be 

responsible for the observed fracture toughness improvements. 

Alloy Mechanism at the Temperature Range (°C) 

RT-200 200-600 800-1000 

Boron-doped Unknown No benefit of boron Boron segregation to 

9Mn-25Ti doping GBs (?) 

Boron-free No benefit of high No benefit of high Suppression of IGF 

l 4Mn-29Ti (Mn+ Ti) (Mn+ Ti) 

Boron-doped Interaction of Boron segregation to GBs+suppression of IGF 
l 4Mn-29Ti ASD+boron atoms (?) 

The nucleation of dimples at the grain boundary facets is attributed to grain 

boundary sliding with subsequent diffusional growth under the action of applied 

tensile stress, in the association with the presence of some second phase particles 

at the grain boundaries [179, 1 80]. The nucleation criterion is one of a critical 
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amount of shear required to decohere the particle/matrix interface [179]. In the 

present work, second phase particles have not been observed at the grain boundary 

facets. Thus, the nucleation mechanism of dimples is not well understood. 

Nevertheless, their formation in the specimens fractured at 1 000°C, at the lower 

portion of the chevron notch, i.e. at its base, where the crack propagation rate is 

the lowest one, correlates well with the requirements of low stresses and high 

temperatures [178-1 80]. It must be pointed out that the formation of dimples at 

the grain boundary facets do not affect the measured fracture toughness because it 

occurs later in the process of crack propagation, which corresponds to the "tail" 

portion of the P-LLD curve. As discussed in the preceding section, the fracture 

toughness is estimated from PM on the P-LLD curve. 

It is also instructive to discuss the present results in the view of models associated 

with the emission of dislocations at the crack tip. 

As was presented in the section on crack tip plasticity, the incorporation of 

modified Rice and Thomson's dislocation emission model to intermetallic alloys 

(characterized by dissociated nature of dislocations) led Bartholomeusz and Wert 

[73] to the very practical conclusion that lowering the {111} APB energy in 

Als7NisTi2s below 330 mJ/m2 and in A'3Sc below 270 mJ/m2 would allow sufficient 

spontaneous or thermally- activated emission of dissociated superlattice 

dislocations to avoid cleavage fracture at room temperature. According to this 

model, only changes in G, b, v, r (yAP8 and/or ysisF) or y (surface energy) can influence 

the fracture mode and of these, r is the most susceptible to manipulation by 

variation of chemical composition. Furthermore, the energy barrier for dislocation 

emission was only strongly dependent on yAP8 and was insensitive to ys1sF_ 
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It has been shown that the calculated ~m parameter [73] in the BW model (see 

section 2.4.2.2) corresponds well with the observed fracture modes for a number of 

intermetallics. However, further and more comprehensive experimental evidence is 

needed to confirm the usefulness and general application of the model. Just as a 

reminder, the l;m parameter in the BW model was established in a semiempirical 

way (similar to that in which the border value of Gb/y was established in the Rice­

Thomson model). 

A matter that could raise some concerns is that the interpretation of Dislocation 

Emission Models (DEM) (77] was based on the idea that a fracture-mode transition 

occurs because the material becomes resistant to cleavage fracture as temperature 

increases, or alternately, a fracture-mode transition could result from a mechanism 

that promotes intergranular fracture as temperature increases. This assumption 

was applied to analyzing the fracture behavior of Al51CrsTiis alloy with temperature 

by Meng et al. (77]. As was mentioned earlier (section 2.4.2.2), a central result of 

the BW model for mode I loading is the identification of a critical value of ~m, the 

normalized solid-angle range of slip system orientations corresponding to 

spontaneous or thermally activated dislocation emission at temperature T. 

Therefore, the ~m parameter is the border value for the dislocation emission/ 

cleavage fracture competition. The same authors (77] determined that the fracture 

mode of AIG1CrsTiis alloy changed from predominantly TGC at ambient 

temperatures, to a mixture of TGC and IGF at intermediate temperatures, and then 

to predominantly IGF at high temperatures. More importantly, the fracture surfaces 

were not suggestive of increased plasticity at higher test temperatures. The authors 

also pointed out that this was consistent with the results showing a modest 

increase in fracture toughness with increasing temperature over the range of 298 to 
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873 K (49]. However, there is no conclusive comment given (77] on correlating 

these two conflicting facts: the assumption of the BW model (the competition 

between cleavage and dislocation emission which automatically is related to a 

change in fracture mode from cleavage to intergranular) and lack of any plastic 

deformation on grain boundary facets (but according to the BW model a change in 

the fracture mode is related to a change from brittle to ductile behavior). The 

correlation between the fracture mode change from TGC to IGF with the brittle to 

ductile transition, however, could be obscured by the limited test temperature (873 

K) of Als1CrsTi2s alloy [49]. In the present study, the Mn-modified (9Mn) A'3Ti alloy 

exhibited very similar fracture mode change with temperature to that of its Cr­

modified counterpart. However, for the Mn-modified alloy it is obvious that the 

change in fracture mode from TGC to IGF is not associated with the brittle- ductile 

transition. It should be pointed out that for 5096 TGC + 50% IGF the low Mn (9Mn), 

boron-free alloy exhibited a toughness peak and further increase in % IGF caused 

the toughness drop to its RT value. Even more pronounced results contradicting the 

BW model assumption were obtained in the present study on the nearly- single 

phase, boron-free high Mn (14Mn) alloy. In this case the toughness increased 

monotonically with temperature up to 1 000°C, and the IGF mode was suppressed to 

~5096 at the highest temperatures (vs. 100% IGF at 1000°C for boron-free low-Mn 

alloy). Therefore, it seems that a direct application of the BW model to the results 

obtained in the present work is not possible. It can be seen that application of the 

BW model even to single phase materials could lead to improper results. The 

interpretation of the results could be even more difficult and incorrect in case of 

two-, and multi-phase materials where some other toughening mechanisms can 

intervene. 
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Also the model proposed by Wang [78] (see section 2.4.2.2) seems not to be fully 

adequate to interpret the brittle- ductile transition in intermetallic alloys. The 

model suggests that in order to obtain ductile intermetallic alloys the a/6< 11 2> 

type dissociation of superdislocation should be promoted. Although this 

dissociation scheme is mathematically correct and gives low energy barrier for 

dislocation emission, still it can be argued that CSF-coupled dissociation distance 

of the Shockley partials is so small due to high energy yC5F that both partials would 

have an effect on energy balance equal to that of undissociated superpartial leading 

to high energy barrier for dislocation emission. The TEM observations of the image 

contrast due to overlapping dislocation strain fields for dislocations dissociated 

over a small distance [90] were reported even for the APB-coupled dissociations. It 

is known that yCSF energy is higher than yAPB energy which would lead to even 

smaller dissociation distance for CSF-coupled dislocations than for APB-coupled 

dislocations. 

The Khantha, Pope, Vitek (KPV) model [84] (see section 2.4.2.2) can not be used to 

interpret the results of the present study at all. There are no assumptions made in 

this model which would take into account the continuous change in the fracture 

mode from TGC at low temperatures to IGF at higher temperatures. The same 

problem was encountered in the BW model. However, the authors [77] admitted that 

as a consequence of the strong influence of crystal and boundary orientations on 

the fracture and dislocation emission processes, it did not appear to be possible to 

formulate a general conclusion about the relative critical strain-energy release rates 

for the intergranular fracture and associated dislocation emission processes. 

Therefore, it was assumed [77] that a grain either cleaves when Gfract<Gd1s1 or 

exhibits a fracture mode other than cleavage when Gd1s1>Grract, where Grract and Gdisl 
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are the critical strain energy release rate to propagate a crack and to cause the 

dislocation emission, respectively. 

To summarize, all the models describing the brittle- to- ductile transition consider 

the emission of dislocations from crack tips. There must be a low energy barrier for 

such a process, the dislocations must be emitted in large quantities and the emitted 

dislocations must be free to move easily away from the crack tip under applied 

stresses. From the literature review presented in chapter 2 it seems that the 

dislocation emission is not a controlling step in fracture behavior of cubic L l 2 

titanium trialuminides. The limiting factor could be the strain localization (compare 

plastic deformation ahead of the crack tips in the present study on 9Mn alloy and 

Ni3AI [35] in Figs.5.96 and 5.97, respectively) and insufficient mobility of 

dislocations to move far away from the crack tip. This requirement was confirmed 

by atomistic study on NiAI of crack response (85] which showed that large density 

of immobile dislocations in the vicinity of the crack tip leads to cleavage fracture. It 

could be the case for L l 2 Ab Ti alloys since it was shown that prestrain had 

detrimental effect on ductility of Cr-modified A'3 Ti [56], whereas prestrain in NiAI 

alloy had a beneficial effect on toughness. In this context the hypothetical 

interaction between ASD and the boron atoms in boron-doped l 4Mn-type alloys 

might somehow lead to higher mobility of dislocations at the crack tip and 

associated improvement in fracture toughness. 
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7 Summary 

1. Small amount of second phase in the as-cast low Mn-alloy dissolved during 

homogenization but there remained needle-like particles, most probably 

Ti2AIC [14] and/or Ti2AIN [133] with volume fraction <1 %. 

2. The content of needle-like particles is slightly higher in high-Mn alloy than in 

its low-Mn counterpart but is still below 1 %. Porosity after HIP-ing remained 

~2%. Addition of boron at the levels 0.25 and 0.66 % to the low- and high-Mn 

alloys caused formation of borides. Boron is partially chemically bound in 

boride particles. Total content of needle-like particles + boride particles 

ranged from 2.2-4.3%. 

3. All the ingots showed similar, dual-grain morphology. Columnar grains were 

formed perpendicular to the mold walls and equiaxed ones were found in the 

central portion of the ingots. The grain size of all ingots falls into the wide 

range, which is ~0.2-0.5 mm for equiaxed and ~0. l 5-0.3 mm in thickness 

and ~2-5 mm in length for columnar grains. 

4. The highest amount of second phase (0.96±0.8796) was found in high-Mn and 

high-boron alloy (beside needle-like and boride particles. This phase was 
identified as y1 phase Al42Mn2sTi33 (at.%) which is in agreement with the phase 

diagram (Fig.B.1 in Appendix B). 

5. Hot work at 1 000°C at the deformation rate ~ 1 Q-4 s-1 induced dynamic 

recrystallization of the low-Mn alloy. Material deformed to ~ 70% recrystallized 

completely, whereas when deformed to ~50% partially recrystallized. The 
average recrystallized grain size was ~45µm. 

6. P-LLD curves look similar for CNB and SEPB specimens. They are also similar 

for SEPB type specimens tested in air, water, argon and vacuum. Fracture is 

catastrophic at ambient temperature and becomes more gradual at the highest 
temperature 800-1000°C. In liquid nitrogen P-LLD curves have the saw-

toothed appearance. 
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7. Pop-ins observed during fracture toughness testing are caused by 

transgranular cleavage. When the cleavage origins are placed very close to the 

tip, the fracture is more gradual. lntergranular mode also usually results in 
more gradual fracture. 

8. High-Mn alloy shows higher propensity for pop-ins than its low Mn­
counterpart even if the fracture is 1 00% transgranular cleavage in both cases. 

9. No crack stability (for SEPB and CNB specimens) was obtained at RT even in the 

most compliant specimens. 

10. Fracture toughness results are in agreement for SEPB specimens loaded in 3 

pt. bending and for CNB specimens loaded in 4 pt. bending. CNB specimens 

loaded in 3 pt. bending showed unreasonably high values of toughness and 

the origin of this could not be established unambiguously. 

11. To ensure that results on CNB specimens represent valid KQvM values, 

comparative tests on SEPB specimens are recommended, especially when CNB 

specimens fail catastrophically. Not complying with the recommended 

geometrical relations can lead to overestimation of fracture toughness. 

12. Fracture toughness of coarse-grained (columnar and equiaxed) specimens of 
boron-free, "base" low-Mn 9Mn-25Ti alloy tested in air and vacuum measured 

as a function of temperature and calculated from the maximum load, exhibits 
a broad peak (7-1 O MPa✓m) at the intermediate 200-soo0 c temperature range 

and subsequently decreases reaching its room temperature value ~4.5 MPa✓m 
at 1000°c. 

13. Regardless of alloy composition, during testing in air, vacuum and argon there 
is a gradual transition in the mode of fracture with increasing temperature 

from completely transgranular cleavage (TGC) at room temperature to 
completely intergranular failure (IGF) at l 000°c. Dimples have been observed 

on the grain boundary facets exposed by intergranular failure at 1000°C for 

grains located at the lower portion (base) of the chevron notch; their formation 

may be attributed to the occurrence of intergranular creep failure in the final 

stage of chevron-crack propagation (stable). 
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14. Fracture toughness of coarse-grained "basen 9Mn-25Ti alloy is not affected by 

testing in various environments such as air, vacuum (~ l .Sxl 0-7 Torr), argon, 

oxygen, water and liquid nitrogen. The low fracture toughness appears to be a 

fundamental response and not a consequence of the test environment. 

15. Testing in argon of coarse-grained 9Mn-25Ti alloy eliminates the appearance 

of the fracture toughness peak at the intermediate temperature range and the 
low-Mn a[loy exhibits approximately the same fracture toughness K~5 MPa✓m 

in the entire room to l 000°C temperature range. 

16. At room temperature, fracture toughness measured using SEPB specimens 

depends on the remaining ligament length in air, vacuum and water. 

Toughness dependence on the remaining ligament length is somehow much 

weaker at higher temperature than that at room temperature. 

l 7. The work of fracture does not show a dependence on the remaining ligament 

length in any of the environments. It increases with increasing temperature 
and especially at high temperature -800-1000°C increases abruptly. At RT 

(cleavage fracture), the work of fracture in air, vacuum, water and liquid 

nitrogen is in the same range of values (100-800 J/m2). The highest values of 

work of fracture are exhibited by specimens with very well developed and 

highly non-planar fracture surface (equiaxed grains). 

18. The stress intensity factor calculated from the work of fracture (K1woF) is always 

higher than KQ calculated from the maximum load, for every test temperature. 

The magnitude of the separation becomes larger with increasing temperature. 
This suggests an R-curve behavior. 

19. For 9Mn-25Ti alloys there is no initiation toughness dependence on the grain 
size and morphology in the range of grain sizes tested, 50 µm-1 300 µm. 

However, for the nanostructured 9Mn-25Ti compacts (~50-100 nm) the 
toughness is equal to half (2.1 MPa✓m) that of the cast and HIP-ed alloy. 

20. A very small boron doping of 0.004at.% increases fracture toughness of "base" 

9Mn-25Ti trialuminide alloy by 25-50% at room temperature and 50-100% at 
1 000°C. No improvement is observed at the intermediate temperature range of 

200-600°C. Larger doping with 0.25 and 0.66at.96 B does not bring about 

further improvement of fracture toughness. 
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21. The evolution of fracture mode of boron-doped 9Mn-25Ti alloy as a function 

of temperature is unchanged with respect to boron-free "base" 9Mn-25Ti 

alloy, i.e. transgranular cleavage (TGC) at room temperature and a gradual 

transition to intergranular failure (IGF) with increasing temperature. For boron­

doped 9Mn-25Ti alloys the TGC/lGF transition temperature (TGC/IGF TT) at 
which IGF starts to appear as a fracture mode is equal to ~200°C. 

22. High (Mn+ Ti) concentration in boron-free 14Mn-29Ti trialuminide alloy does 

not affect fracture toughness at room temperature but increases it by 1 00-
200% at 1 000°C with relatively high scatter of experimental data points. 

23. Higher concentration of (Mn+ Ti) in all the 14Mn-type alloys shifts the TGC/IGF 
transition temperature to ~600°C. 

24. The occurrence of IGF mode in boron-free 14Mn alloy with high (Mn+ Ti) 
concentration, at high temperatures above TGC/IGF TT (~600°C), is profoundly 

suppressed, rendering at 1000°C just 50% IGF, as compared to 100% IGF for 

boron-free "base" 9Mn-25Ti alloy. The observed increase (100-200%) of 
fracture toughness of boron-free l 4Mn alloy at 1000°C seems to be due to 

the suppression of IGF. 

25. A boron doping of 0.24 at.% results in a 10096 increase of fracture toughness 

of 14Mn-type alloys at room temperature with respect to fracture toughness 

of both boron-free "base" 9Mn-25Ti and boron-free 14Mn alloys. It also 

increases 1 00-200% fracture toughness of 14Mn-type alloys at the 
intermediate temperature range of 200-600°C. At 1000°C boron eliminates 

largely the experimental scatter of fracture toughness data, rendering the data 

more consistent, but does not bring about any further toughness improvement 

as compared with that of boron-free 14Mn alloy. Higher boron concentration 

of 0.65 at.% does not provide more beneficial effect on toughness. 

26. Boron does not affect the TGC/IGF TT for boron-doped 14Mn-type alloys, 
which remains at ~600°C. 

2 7. The improvement of fracture toughness of boron-doped 9Mn-25Ti alloys at 
both room temperature and 1000°C seems to be due to the presence of boron. 

A combined effect of boron and a high (Mn+ Ti) concentration in 14Mn-(29-
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31 )Ti alloys may be responsible for even more pronounced toughness 
improvements in the entire range from room temperature to 1000°C. 

28. The average microhardness (HV2) of boron-free and boron-doped 14Mn-(29-

3 l )Ti alloys with high (Mn+ Ti) concentration is 50-70% higher than that of 

their boron-free and boron-doped,. 9Mn-25Ti counterparts. However, higher 

microhardness seems to be unrelated to improvements of fracture toughness. 

29. Some plastic deformation is present along the crack path in the locations 

where some branching occurs and whenever the crack deviates from straight 

line. 

30. SEM observations of the step-wise loaded SEPB specimen showed that some 

crack tips form a "cloud" of tiny microcracks and that they advance in a 

manner similar to ceramics, e.g. by bridging, without signs of any plasticity. 

31 . Pre-alloyed ingots of the low-Mn alloy, as-cast, homogenized and 

subsequently crushed into coarse-particle powdered material were 

successfully mechanically milled into fine powders with nanocrystalline 

structure by controlled ball-milling under shearing mode. 

32. X-ray spectra obtained from powders milled at various times show that all the 

Bragg peaks broaden in width and decrease in intensity which is attributed to 

formation of nanocrystals and internal lattice strains upon milling. The 

calculated internal lattice strain is in most cases less than 1 %. 

33. The morphology of powders upon ball-milling, observed under SEM, evolves 

from a typical "popcorn ball" within the first 100 h of milling into more 

equiaxed, globular shape. 

34. The internal microstructure (cross-section) of a large fraction of powder 

particles milled up to 200 h is composed of a core and an outer layer. For 

milling times in the range 200 to 380 h the core/outer layer particles are 

gradually converted into "no core" particles. After milling for 3 86 h practically 

all particles do not exhibit a core. 

260 



3 5. The size distribution of powder particles milled for up to 200 h is bimodal. 
Between 200 and 380 h of milling, the particle size distribution becomes 
uniform, eventually approaching ~50 µm mean diameter. 

36. The microhardness of the core increases with increasing milling time from the 
mean HV 296 for as-cast and homogenized ingot to HV 453 after 208 h of 
milling. This microhardness increase is most likely due to work hardening of 
the core. 

37. The results of X-ray, microstructural and microhardness studies clearly 
indicate that nanometer sized grains are formed in the outer layer of particles 
with a core and throughout cross-section of the "no core" particles. The cores, 
most probably, retain the initial ingot structure, substantially work-hardened 
upon ball milling. 

38. There is no indentation microcracking even at loads as high as 2000 g in both 
powders consolidated using long heating time (~40 min to reach 900°C) and in 

bulk (cast) specimens. Four-corner cracking pattern is occurring at loads as 
low as 100 g in powders consolidated using short heating time (~5 min to 
reach 900°C). Resulting indentation fracture toughness is ~half that of bulk 

material determined by bending of notched specimens and is equal to ~2.1 
MPa✓m. 
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Appendices 

A Fracture Toughness Calculations for SEPB Specimens 

Fracture toughness calculated for SEPB according to ASTM Standard [1 96]: 

where 

Fracture toughness calculated for SEPB (for 52/W:~4) [102]: 

where 

For 3pt. bending 51 =0. 
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B Ternary, Al- Mn- Ti Phase Diagram 
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Figure B. l Isothermal section of the Al- Mn- Ti system near the L 12 phase region 

at 1473 K, according to Ref.[107] (cooling time from 1473 K to RT was 

~30 min). 

y1 -Al- 42, Mn- 25, Ti- 33 (at.%) 

111 -Al- 65, Mn- 33, Ti- 2 (at.%) 

01 - Al- 54, Mn- 5, Ti- 30 (at.%) 
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Table C. l Hot- worked specimens. 

PREC- LIGA-

DESIG- T NOTCH RACK MENT B w a/W f(a/W) Pmax KQ 
NATION [°C] [µml [µm] [µm] [mm] [mm] [kG] [MPam0•5] 

PARTIALLY RECRYSTALLIZED MATERIAL ( ... SQ% DEFORMATION), SEPB,S;::; 16mm, 170±0.7 (HV 1 kq) 
1. RECRALl RT 1135 1979 1006 3.45 4.12 0.756 7.990 3.5 4.8 
2. RECRAL2 RT 1106 1608 1086 3.33 3.80 0.714 6.297 4.9 6.2 
3. RECRAL3 RT 1160 1038 1892 3.57 4.09 0.537 3.01 11.0 5.6 
4. RECRAL4 RT 1184 2562 644 3.50 4.39 0.8533 17.262 2.8 7.4 

RECRYSTALLIZED MATERIAL (~70% DEFORMATION), SEPB, S= 16mm, 174±2.6 (HV 1 kg) 
5. RECRALlA RT 1169 924 1407 3.88 3.50 0.598 3.743 5.5 4.0 
6. RECRAL2A RT 1219 1764 1017 3.22 4.0 0.746 7.516 4.8 6.9 
7. RECRAL3A RT 1145 2407 528 3.75 4.08 0.870 20.867 2.9 9.7 
8. RECRAL4A RT 1120 2464 516 3.85 4.10 0.874 21.766 2.8 9.5 

PARTIALLY RECRYSTALLIZED MATERIAL (~50% DEFORMATION). CNB. S,= 16mm, S2=4mm 

DESIG- T B w ao a, Ym1n Pmax KQvM 

NATION [°C] [mm] [mm] [kG] [MPam0,5] 

9. RECRALSA 1000 3.7 3.34 0.166 0.966 14.7 11.52 7.8 
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Table C.2 SEPB specimens tested in 3pt bending (S= 16mm). 

PREC- LIGA-

DESIG- T NOTCH RACK MENT B w 
NATION [oc] [µm] [µm) [µm] [mm] [mm] 

1. lshl6 RT 506 1288.5 2406 4.16 4.2 

2. 2sh26 RT 1078 1956.6 3345 3.9 6.38 

3. 12sh16 RT 1290 881.25 1609 3.7 3.78 

4. 18shl 6 RT 1054 2016.5 1049 3.90 4.12 

.5. 19sh 16 RT 1100 1608 1212 3.80 3.92 

6. 20shl 6 RT 812 1633 1495 3.82 3.94 

7. 21sh16 RT 1141 1914.6 964 3.94 4.02 

8. 5sh16 200 857 913 2030 3.6 3.8 

9. 13sh16 200 1015 1489 1376 3.8 3.8 

10. 30sh16 200 1088 1783.4 1029 3.68 3.9 

1 l. 31sh16 200 1021 l 555.6 1743 4.08 4.32 

12. 6sh16 400 1013 1243 1364 3.76 3.62 

13. 1 Sshl 6 400 1502 1171.9 986 3.58 3.66 

14. 22sh16 400 979.4 1671.2 1389 3.86 4.04 

15. 29sh16 400 1141.3 1862.5 1136 4.1 4.14 

16. 9sh16 500 996 1342 1322 3.6 3,66 

17. 14shl 6 500 1671 1371.7 697 3.54 3.74 
18. 23sh16 500 914 1086.7 2119 3.82 4.12 

19. 16shl 6 600 1416 1011.3 1313 3.84 3.74 

20. 24sh16 600 1113 1458.9 1508 3.9 4.08 

21. 27sh16 600 1034.3 1047.4 2098 3.77 4.18 

22. 25sh16 700 1163.5 789.2 2067 3.47 4.02 

23. 8sh16 800 1036 1428 1356 3.46 3.82 

24. 17sh16 800 1905 907 908 3.56 3.72 

25. 2Bsh16 800 1001.7 913.1 2265 3.62 4.18 

26. 4sh16 1000 974.2 818 2108 3.7 3.9 

27. llsh16 1000 11 l 8 1102 2100 3.94 4.32 

a/W f(a/W) Pmax KQ WF 
[kG] [MPamo,sJ U/m21 

0.4273 2.1397 12.39 3.7 246 

0.4757 2.46 13.05 4.1 

0.5744 3.428 7.702 4.8 770 

0.745 7.48 4.556 5.2 109 

0.691 5.59 5.879 5,5 243 

0.6207 4.093 6.15 4.2 184 

0.76 8.2 5.439 7.0 177 

0.466 2.39 19.02 8,5 1107 

0.645 4.54 9.195 7.0 487 

0.7362 7.108 6.054 7.5 193 

0.5964 3.748 13.38 6,8 602 

0.623 4.13 9.76 7.7 662 

0.73 6.86 6,795 9.1 1548 

0,6561 4.75 11.09 8.3 792 

0.7255 6,694 6.591 6,3 355 

0.639 4.4 10.58 9.2 1260 

0,8136 12.01 4.35 10.1 519 
0.4856 2.54 17.26 6.8 997 

0.649 4.6 10.29 8.5 2054 

0.63 4.26 13.54 8.9 1976 

0.4979 2.645 14.93 6.1 871 

0.4857 2.54 16.78 7.6 1900 

0.645 4.528 7.962 6.9 4093 

0.7478 7.608 4.027 5.9 615 

0.458 2.34 14.81 5.6 3658 

0.4595 2.39 11.4 4.7 2820 

0.514 2.79 11.36 4.4 5785 



Table C.3 CNB large specimens and their halves tested in 4pt bending. 

CHEVRON- NOTCHED, LARGE SPECIMENS (4pt bending, S1 =25mm, S2=9mm) 

DESIGNATION T B w ao a1 A Ym1n Pmax KovM WF 

[OC] [mml [mm] [mm21 [kG] [MPamo,s1 U/m21 
l. ALTILl RT 5.14 6.60 0.193 0.79 l 5.8924 7.9530 22.13 4.1 350 

2. ALTIL9 RT 4.14 4.92 0.414 1.0 5.762 25.136 5,538 4.7 12 l 

3. ALTIL2 200 5.14 6.60 0.191 0.879 16.9855 9.1585 42.71 9.2 865 

4. ALTILl0 300 4.66 5.50 0.1796 0.937 l l .5804 12 .1 22.5 7.6 615 

5. ALTIL5 400 5.14 6.60 0.104 0.792 11.669 6,806 54.37 8.7 1870 

6. ALTIL7 600 5.06 6.44 0.201 0.899 l 0.0185 9.8658 26. l 8 6.2 1442 

7. ALTlll 2 800 4.62 5.06 0.2087 0.787 11.889 10.92 25.03 8.2 5004 

8. ALTIL14 800 4.82 4.96 0.048 0.842 13.5717 9.11 30.87 8.1 8189 

9. ALTILl 1 900 4.66 4.9 0.224 0.858 10.7434 12.9 1 5 .1 5.9 1857 

10. ALTIL6 1000 5.08 6.5 0.188 0.868 17.4901 9.0874 20.54 4.5 1860 

11. ALTILl 3 1000 4.86 5.0 0.028 0.8216 13.5814 8.43 23.95 5.8 7632 

Cut From Larne CNB (4Pt bendinCJ, 51 = 16mm, S2=4mm) 

DESIGNATION T B w ao a1 Ym1n Pmax KQvM 
[°C] [mm] [mm] [kG] [MPam0•5] 

1. AITll 61 RT 4.64 4.86 0.234 l 12.22 12.75 4.7 

2. AITl162 RT 4.68 4.94 0.299 1 13.84 8,98 3.7 

3. AITil 63 200 5.0 5.06 0.27 1 12.67 14.43 5.0 

4. AITil 64 400 4.94 5.42 0.323 1 13.33 21. l 7.6 

5. AITil 65 600 4.8 4.9 0.293 l 13.76 19,64 7.9 

6. AITll 66 800 4.9 5.4 0.324 l 13.42 l 5.92 5.8 

7. AITil 67 1000 4.9 5.0 0.284 1 13.84 9.91 3.7 

8. AITll 68 1000 4.68 4.88 0.30 1 14.04 11.31 4.8 

9. AITll 69 1000 4.84 4.96 0.288 1 13.45 12.31 4.8 



Table C.4 CNB small specimens tested in 4pt bending (S1 =25mm, S2=9mm). 

DESIGNATION T B w ao a1 A Ym1n Pmax KQvM WF 
[OC] [mm] [mm] [mm2] [kG] [MPam0•5] U/m2] 

1. ALTl2 RT 2.42 5.28 0.337 l.0 4.236 18.7959 4.242 4.4 213 

2. ALTl3 RT 2.48 5.5 0.35 l.0 5.0376 18.6106 4.118 4.1 127 

3. ALTl8 200 2.56 5.64 0.372 1.0 5.6408 19.145 10.88 10.6 393 

4. ALTll 0 200 2.60 5.50 0.344 0.958 5,07088 17.9175 11.39 10.4 446 

5. ALTIS 400 2.46 5.2 0,362 1.0 4.69798 20.2568 l 0.49 11. 7 555 

6. ALTl9 400 2.58 5.1 0.375 1.0 4.13262 21.3202 5.221 5,9 327 

7. ALTll 1 400 2.50 5.28 0.344 0.958 4.31433 17.7937 8.309 8.0 528 

8. ALTll 6 600 2.68 5.4 0.037 0.929 5.56046 9.27 19.99 9.3 1168 

9. ALTl14 750 2.52 5.16 0.302 1.0 4.79304 17.7478 8.459 8.1 1308 

l 0. ALTll 9 800 2.36 4.9 0.288 l.O 4.1103 18.68 6.813 7.6 2462 

11. ALTll 7 1000 2.6 5.04 0.304 1.0 4.6875 18.82 6.094 6.1 2413 
12. ALTll 8 1000 2.6 5.14 0.19 0.961 5.29789 13.69 9.766 7.0 

Table C.5 CNB specimens tested in 3pt bending. 

1. A3ALTII RT 4.0 5.46 0.236 0.862 9.842 32.487 8,993 9.7 174 
2. A3ALTI2 RT 4.1 5.54 0.26) 0.891 9,6285 33.704 6.322 6.8 145 

3, A3ALTl3 200 4.1 5,32 0.344 0.867 8.6018 38.672 10.5 13.3 391 

4. A3ALTI4 300 4.12 5.46 0.241 0,92 9.4348 35.459 8.389 9,6 226 
5. A3ALTl5 400 4.12 5,6 0.241 0.868 10.2835 33.159 15.72 16.8 958 

6. A3ALTI7 500 4.02 5.52 0.257 0.896 9.3965 34.005 12,61 14.1 954 

7. A3ALTl8 600 4.3 5.4 0.303 1.0 8.0947 45.347 7.487 10.3 939 

8. A3ALTI6 700 4.06 5.44 0.24 0.9 9.4984 34,612 14.96 17,0 1823 

9. A3ALTI9 800 5,0 5.48 0.094 0,886 13.975 29.101 17,81 13.7 1816 

10. A3ALTl10 900 4.0 5,6 0.184 0,816 11,256 27.617 1 l.83 10.7 1660 

11. AJALTlll 1000 4.36 5,0 0.064 0.812 12,256 31,299 14.84 14,8 3605 



Table C.6 9Mn-0.004B CNB specimens (4pt. bending, S1 =25mm, 52=4.Smm). 

DESIG- T B w ao a1 Ymin Pmax KQvM 

NATION [OC] [mm] [mm] [kG] [MPam0-s] 
l AITiBl RT 5.8 8.34 0.451 1 19.16 16.19 5.7 

2. AITiB2 200 5.74 8.34 0.419 1 18.77 18.21 6.4 

3. AITiB3 400 5.8 8.32 0.421 1 18.91 18.9 6.6 

4. A1Ti84 600 5.78 8.34 0.431 1 19.45 18.82 6.8 

5. AITiB5 800 5.8 8.32 0.428 1 19.27 20.1 7.2 

6. AITiB6 1000 5.76 8.34 0.444 1 20.07 22.5 8.4 

7. AITiB7 1000 5.76 8.34 0.435 1 19.58 19.3 7.0 

8. AITiBB 1000 5.76 8.34 0.427 1 19.16 22.5 8.0 

9. AITiB9 1000 5.78 8.34 0.426 1 19.14 18.3 6.5 

Table C. 7 9Mn-0.004B CNB specimens cut from those in Table C.6 (4pt. bending, 

S1 = 16mm, S2=4mm). 

DESIG- T B w ao a1 Ymin Pmax KQvM 

NATION [°C] [mm] [mm] [kG] [MPam0 -5] 

l. AITiBBl RT 3.74 5.74 0.247 1 10.7 11.2 4.1 

2. AITiBB2 200 4.22 5.80 0.291 0.9776 11.2 15.2 5.2 

3. AITiB83 400 4.12 5.74 0.3174 1 12.4 15.7 5.8 

4. AITiBB4 600 3.76 5.70 0.3281 1 12.9 19.0 8.4 

5. AITiBBS 600 3.46 5.76 0.2764 0.9477 10.4 15.8 6.2 

6. AITiB86 900 4.06 5.70 0.3231 0.9838 12.4 14.9 5.9 

7. AITiBB7 1000 3.70 5.74 0.2136 0.9815 9.7 15.3 6.0 

8. AITiBB8 1000 4.14 5.74 0.1063 0.9836 7.8 35.4 8.6 
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Table C.8 High- Mn (l 4Mn) CNS specimens- series I (4pt. bending, S1 = 16mm, 

S2=4mm). 

DESIG- T B w ao a1 Ymin Pmax KQvM 

NATION [°C] [mm] [mm] [kG] [MPam0 -5] 

l. AITIHMl RT 4.14 4.1 0.24 1 14.62 7.58 4.1 

2. AITIHM2 RT 4.1 4.1 0.26 l l 5.26 7.05 4.0 

3. AITiHM3 200 4.12 4.14 0.25 l 14.79 11.04 6.0 

4. AITiHM4 200 4.1 4.12 0.27 l 15.53 9.58 5.5 

5. AITiHMS 400 4.2 4.1 0.23 l 14.31 10.02 5.2 

6. AITIHM6 500 4.06 4.12 0.25 1 14.86 10.12 5.7 

7. AITIHM7 500 4.1 4.14 0.27 l 15.45 8.76 5.0 

8. AITiHM8 600 4.12 4.12 0.25 l 14.87 10.26 5.7 

9. AITiHM9 600 4.12 4.08 0.29 1 16.39 7.7 4.7 

l 0. AITiHMl 0 700 4.12 4.1 0.32 1 17.46 12.69 8.2 

11. AITiHMl 1 700 4.14 4.1 0.27 l 17.46 9.69 6.3 

12. AITiHMl 2 800 4.08 4.12 0.29 l 16.23 l 0.56 6.4 

13. AITiHM13 800 4.18 4.12 0.27 l 15.53 8.72 4.9 

14. AITiHMl 4 1000 4.06 4.12 0.32 l 17.37 17. l 11.2 

l 5. AITiHMl 5 1000 4.12 4.12 0.24 l 14.55 20.97 11.3 

16. AITiHM16 1000 3.62 4.2 0.32 l 16.9 11.22 7.9 

17. AITiHMl 7 1000 4.1 4.2 0.29 1 15.92 16.79 9.9 

l 8. AITiHMl 8 1000 4.16 4.1 0.26 1 15.27 12.89 7.2 

19. AITiHMl 9 1000 3.68 4.16 0.37 1 19.19 10.68 8.5 

20. AITiHM20 1000 3.64 4.18 0.39 l 20.48 8.79 7.5 
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Table C.9 High- Mn (14Mn) CNB specimens- series II (4pt. bending, S1 = 16mm, 

S2=4.Smm). 

DESIG- T B w ao a1 Ymin Pmax KQvM 

NATION [
0 c1 [mm] [mm] [kG] [MPam0•5] 

1. HMl RT 4.2 5.12 0.348 1 14.36 10.08 4.7 

2. HM2 RT 4.12 5.08 0.332 1 13.93 10.06 4.7 

3. HM3 RT 4.2 s.o 0.333 1 14.19 9.09 4.3 

4. HM4 RT 4.18 5.22 0.28 l 12.06 9.404 3.7 

5. HMS 200 4.22 5.08 0.3S1 1 14.57 13.03 6.2 

6. HM6 200 4.08 5.0 0.338 1 14.36 12.3 6.0 

7. HM7 200 4.18 5.08 0.353 l 14.64 11.22 5.4 

8. HMS 200 4.12 5.08 0.369 1 1 5.21 12.35 6.3 

9. HM9 400 4.18 5.2 0.333 1 13.65 13.73 6.1 

10. HMl0 400 4.2 5.12 0.332 1 13.83 18.78 8.5 

11. HMl 1 400 4.12 5.1 0.342 1 14.21 17.61 8.3 

12. HM12 400 4.06 5.04 0.368 1 15.3 t 1.72 6.1 

13. HM13 600 4.18 5.06 0.368 1 15.23 13.88 7.0 

14. HM14 600 4.1 5.08 0.348 l 14.47 15.35 7.4 

1 5. HMl 5 600 4.12 5.2 0.354 1 14.34 17.42 8.2 

16. HM28 700 4.2 5.1 0.362 1 14.89 13.65 6.6 

17. HM29 700 4.16 5.0 0.306 1 13.33 14.85 6.6 

18. HM16 800 4.18 5.08 0.308 l 13.19 15.17 6.6 

19. HM17 800 4.22 5.12 0.324 1 13.57 15.73 6.9 

20. HM18 800 4.08 5.0 0.347 1 14.67 17.29 8.6 

21. HM19 800 4.08 5.1 0.364 l 14.98 1 S.24 7.7 

22. HM20 800 4.1 5.1 0.340 1 14.14 17.28 8.2 

23. HM21 800 4.22 S.1 0.283 1 12.42 17.28 7.0 

24. HM26 900 4.22 5.12 0.336 1 13.96 14.36 6.5 

25. HM27 900 4.4 5.18 0.325 1 13.6 21.5 9.1 

26. HM22 1000 4.12 5.0 0.35 1 14.77 l S.8 9.3 

27. HM23 1000 4.08 5.12 0.351 l 14.46 22.94 11.1 

28. HM24 1000 4.16 5.08 0.368 1 15.19 18.72 9.4 

29. HM25 1000 4.2 5.1 0.309 l 13.16 15.26 6.6 
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Table C.10 Specimens of l 4Mn-0.24B alloy (no.12 in Table 5.1) (4pt. bending, S1 =25mm, S2=4.Smm), 
microhardness - 246±7 HV (at 2kg). 

Grain Size Test B w Pma>< KovM 
Specimen [µm] Temperature ao ClJ [mm] [mm] Ym1n [kG] [MPa✓m] 

[OC] 

1. Al0 176±47 RT 0.403 0.924 4.44 5.9 22.109 12.5 7.9 

2. Al 220±65 RT 0.420 0.981 4.46 5.84 25.937 9.9 7.4 
3. Al 2 147±40 200 0.406 0.939 4.52 5.9 22.885 14.9 9.7 

4. All 309±102 200 0.390 0.939 4.50 5.9 22.084 14.8 9.3 

5. Al3 l 83±51 400 0.405 0.937 4.40 5.8 23.030 13.0 8.7 

6. A7 351±144 400 0.402 0.938 4.42 5.9 22.674 12.3 8.0 

7. A6 286±89 600 0.419 0.930 4.42 5.94 23.070 l 5.1 l 0.0 

8. AS 123±28 600 0.421 0.950 4.36 5.84 24.499 11.5 8.3 

9. A2 403±153 600 0.396 0.950 4.44 5.80 23.224 18.5 12.4 

10. A14 469±119 800 0.398 0.933 4.46 5.80 22.959 12.2 11.6 

11. A4 156±36 800 0.417 0.968 4.46 5.84 25.079 11.7 8.5 

12. A3 306±177 800 0.367 0.919 4.56 5.82 20.457 13.7 7.9 

13. Al? 265±72 800 0.399 0.922 4.44 5.88 21.904 17.3 l 0.9 

14. Al 5 348±123 1000 0.402 0.948 4.46 5.78 23.561 14.7 l 0.0 

15. A18 298±163 1000 0.411 0.952 4.62 4.68 15.866 16.9 11.0 

16. AS 287±89 1000 0.404 0.945 4.46 5.88 23.147 17.4 11.6 
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Table C. 11 Specimens of 14Mn-0.65B alloy (no.13 in Table 5.1) (4pt. bending, S,=25mm, 52;:;:4,Smm), 

microhardness - 294± 12 HV (at 2kg). 

Crain Size Test B w Pmax KQvM 

Specimen [µm] Temperature ao a, [mm] [mm] Ymin [kG] [MPa✓m] 
[OC] 

1. Bl 143±54 RT 0.454 0.981 4.30 5.4 30.654 12.5 6.9 

2. B2 116±34 RT 0.385 0.914 4.42 5.9 20.766 9.9 7.6 

3. B3 264±65 RT 0.424 0.923 4.52 5,9 23.194 14.9 7.6 

4. B4 211±68 200 0.390 1.000 4.54 5.9 24.630 14.8 9.9 
5. BS 276±72 200 0.314 0.946 4.54 5.34 l 8.8 l 0 13.0 5.7 

6. B6 301±82 400 0.386 0.961 4.58 5.86 22.894 12.3 9.4 

7. B7 422±39 400 0.389 0.961 4.56 5.72 23.587 15. l 5.7 

8. B8 286±89 600 0.415 0.928 4.54 5.90 22.899 11.5 8.5 

9. B9 69±8 600 0.381 0.949 4.56 5.88 22.487 18.5 7.3 

10. 813 323±94 800 0.151 0.901 4.62 4.68 1 5.866 12.2 8.3 

11. 810 125±65 800 0.314 0.942 4.50 5.52 19.981 11.7 9.2 

12. B11 147±42 1000 0.436 0.948 4.28 5.90 25.028 13.7 10.7 

13. B12 160±40 1000 0.351 0.944 4.50 5.40 22.201 17.3 9.7 

14. B14 173±58 1000 0.390 0.986 4.62 5.82 24.341 14.7 9.5 
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Table C.12 Specimens of 9Mn-0.25B alloy (no.1 O in Table 5.1) (4pt. bending, 51 =25mm, S2=4.Smm), 

microhardness - 170±7 HV (at 2kg). 

Grain Size Test B w Pma>< KQvM 

Specimen [µm] Temperature cxo Cll [mm] [mm] Ym1n [kG] [MPa✓m] 
[OC] 

1. C4 500±166 RT 0.350 0.974 4.76 5.84 21.593 8.8 5 .1 

2. cs 742±215 RT 0.379 0.931 4.40 5.80 21.537 9.5 6.0 

3. Cl 167±36 200 0.342 1.000 4.76 5.86 22.039 12.2 7.2 

4. C2 389± l 42(col.) 200 0.408 0.939 4.30 5.68 23.873 7.9 5.7 

5. C3 839±278 400 0.404 0.945 4.46 5.88 23.164 14.2 9.4 

6. C6 750±203(col.) 400 0.373 0.942 4.50 5.82 21.630 10.4 6.4 

7. Cll 651 ±278(col.) 600 0.393 0.948 4.52 5.80 22.943 10.7 7.0 

8. Cl2 576±175 600 0.332 0.904 4.74 5.90 21.795 14.5 8.5 

9. C7 458±81 (col.) 800 0.492 0.974 4.44 5.80 31.312 9.9 9.0 

10. Cl0 314±53 BOO 0.337 0.934 4.68 4.80 19.704 13.6 7.4 

11. CB 495±192 1000 0.408 0.902 4.56 5.88 21.490 11.6 7.0 

12. C9 412±97 1000 0.455 0.905 4.42 5.62 25.282 16.3 12.2 

13. C13 611±193 1000 0.384 0.939 4.56 5.84 21.988 l 0.7 6.6 

col. - columnar grains (the number indicates the average cross- section grain size) 



Table C.13 Specimens of 9Mn-0.66B alloy (no.11 in Table 5.1) (4pt. bending, S1 =25mm, S2=4.Smm), 

microhardness - 171 ±4 HV (at 2kg). 

Grain Size Test B w Pmax KQvM 

Specimen [µm] Temperature ao a1 [mm] [mm] Ym1n [kG] [MPa✓m] 

(°C] 

1. D11 305±99 RT 0.381 0.918 4.54 5.70 21.452 9.5 5.8 
2. Dl 2 l 36±23(col.) RT 0.380 0.929 4.60 5.88 21.230 8.4 5.0 

3. D1 286±92(col.) 200 0.422 0.965 4.46 5.90 25.020 6.8 4.9 

4. DlA 301 ± 128(col.) 200 0.434 0.980 4.54 5.64 27.751 6.1 4.9 

5. D13 502±228 200 0.405 0.957 4.56 5.88 23.658 8.5 5.6 
6. D3 5 70± 194(col.) 400 0.400 0.944 4.52 5.76 23.310 8.0 5.3 

7. 04 615±240 400 0.406 0.955 4.50 5.88 23.663 12.2 8.2 

8. D14 71±25(col.) 400 0.370 0.943 4.60 5.78 21.640 10.2 6.2 

9. D5 716±340 600 0.387 0.959 4.46 5.62 23.817 13.4 9.4 
l 0. D6 653±164 600 0.384 0.923 4.80 5.72 21.742 11.9 7.0 

11. D7 530±144 800 0.413 0.973 4.54 5.76 2 5.428 8.0 5.8 

12. DB 99±22(col.) 800 0.377 0.948 4.58 5.76 22.267 10.2 6.4 

13. D15 364±110 800 0.397 0.952 4.50 5.88 23.034 15.6 10.2 

14. D17 536±158 800 0.388 0.921 4.52 5.68 22.043 9.3 5.9 

15. D19 480±130 BOO 0.210 0.918 4.54 4.90 17.432 18.5 l 0.0 

16. D9 550±1 SS(col.) 1000 0.395 0.904 4.52 5.86 21.065 16.9 10.0 

17. D10 622± 1 5 8(col.) 1000 0.381 0.939 4.60 5.60 22.687 10.6 6.9 

18. D16 792±334 1000 0.328 0.926 4.54 5.90 18.767 1 3.1 6.9 
19. D18 600±200(col.) 1000 0.425 0.966 4.50 5.80 25.742 8.5 6.3 

20. D20 640±189 1000 0.234 0.918 4.46 5.02 17.850 18.5 10.3 

21. D21 611±170 1000 0.219 0.928 4.52 4.88 18.077 l 0.9 6.1 

col. - columnar grains (the number indicates the average cross- section grain size) 
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Table D.1 SEPB specimens tested in vacuum (3pt. S= 16mm). 

PREC- LIGA-
DESIG- T NOTCH RACK MENT B w 
NATION [oc] [µm] [µm] [µm] [mm] [mm} 

1. VAC3SH3 RT 1959 616 1205 3.74 3.78 

2. VAC3SH4 RT 944 1920 976 3.86 3.84 

3. VAC3SHS RT 1589 774 1357 3.66 3.72 

4. VAC3SH7 RT 1112 1130 2078 4.1 4.32 

5. VAC3SH8 RT 1156 1063 1481 3.42 3.7 

6. VAC3SH9 RT 1640 1515.S 525 3.52 3.68 

7. VAC3SH10 RT 1007 2475 898 3.54 4.38 

8. VAC3SH11 RT 1081 2147 882 3.34 4.11 

9. VAC3SH13 RT 1030 779 2511 3.46 4.32 

l 0. VAC3SH14 RT 1260 1373 1547 3.26 4.18 

11. VAC3SH15 RT 1030 1496 1694 3.22 4.22 

12. VAC3SH16 RT 1132 1314 1154 3.48 3.6 

13. VAC3SH17 RT l 064 2050 806 3.74 3.92 

14. VAC3SH18 RT 1443 1669 1128 3.7 3.94 

15. VACTEMl 200 948 1225 1707 3.55 3.88 

16. VACTEM2 400 1033 802 1085 3.37 3.82 

17. VACTEM3 600 1319 1043 1618 3.74 3.96 

18. VACTEM4 800 957 1332 1411 3.34 3.7 
19. VACTEMS 950 858 1250 1732 3.84 3.84 

a/W f(a/W) Pmax 

[kG] 

0.6812 5.339 6.131 

0.7458 7.5 6.142 

0.6352 4.335 6.381 

0.519 2.83 14.14 

0.6 3.765 8.352 

0.857 17.97 2.032 

0.795 10.39 6.188 

0.785 9.68 4.752 

0.4187 2.088 13.56 

0.6299 4.251 6.66 

0.5986 3.75 8.199 

0.6794 5.285 5.042 

0.7944 10.386 4.829 

0.7137 6.2759 8.596 

0.56 3.25 9.125 

0.4804 2.504 16.07 

0.612 3.9526 10.24 

0.6187 4.0756 6.899 

0.549 3.1314 11.83 

KQ WF 
[MPam0,5) U/m2l 

5.9 303 

7.9 220 

5.2 190 

5.4 -
6.4 229 

7.3 109 

9.8 399 

8.2 227 

4.5 361 

5.0 200 

5.5 495 

5.6 200 

8.6 287 

9.2 387 

5.4 210 

7.9 1306 

6.8 457 

5.9 1440 

6.4 1798 
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Table D.2 SEPB specimens tested in argon (3pt. S= 16mm). 

PREC- LIGA-
DESIG- T NOTCH RACK MENT B w 
NATION [CC] [µm] [µm] [µm] [mm] [mm] 

1. ARGONl 2 RT 1122.4 1280.5 1497. l 3.7 3.9 

2. ARGONl 3 100 1065 1674.4 1260.6 3.74 4.0 

3. ARGON14 200 1125 903.3 2071.7 3.35 4.1 

4. ARGONl 6 200 1261.5 1029.5 l 549.0 3.58 3.84 

s. ARGONl 5 300 1280.6 1725.5 831.9 3.90 3.84 

6. ARGON6 400 1098.2 749.8 2452 4.07 4.3 

7. ARGONS 400 1141.l 1074.5 1814.4 3.36 4.03 

8. ARGON9 500 l 071 1426 1583 3.81 4.08 

9. ARGONl 600 l 070.7 763.3 2166 3.76 4.0 

l 0. ARGON10 600 1091.8 837 2011 4.0 3.94 

11. ARGON2 700 1118.7 1410 1391.3 3.83 3.92 

12. ARGON3 800 1136.2 704 2319.8 3.76 4.16 

13. ARGONl l 800 l 079.2 811.35 2169.5 3.94 4.06 

14. ARGON4 900 l 008 1179 2033 4.04 4.22 

15. ARGONS 1000 1223.8 1021 1935.2 3.88 4.18 

a/W f(a/W) Pmax KQ WF 
[kG] [MPam0-5] U/m21 

0.6161 4.02 6.966 4.9 

0.6848 5.427 5.071 4.6 1405 

0.4948 2.62 10.82 5.1 858 

0.5966 3.7228 6.70 4.6 118 

0.7833 9.572 3.404 5.5 258 

0.4296 2.1535 18.02 5.3 758 

0.5498 3.14 8.835 5.1 1037 

0.612 3.953 8.76 5.5 1611 

0.4585 2.3437 11.16 4.3 745 

0.4895 2.576 13.19 5.4 1311 

0.6451 4.53 6.91 5.2 1155 

0.4423 2.23 11.88 4.1 2653 

0.4656 2.394 13.56 5.0 1139 

0.5182 2.823 12.72 5.1 3233 

0.537 3.01 9.799 4.4 3113 
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Table D.3 SEPB specimens tested in water and liquid nitrogen (3pt. S::::: 16mm). 

PREC- LIGA-

DESIG- T NOTCH RACK MENT B w a/W f(a/W) Pmax 
NATION [OC] [µm] [µm] [µm] [mm] [mm] [kG] 

WATER 

l. WATERl RT 1057 2009.4 873.6 3.84 3.94 0.7782 9.244 5.259 

2. WATER2 RT 917.2 1828.5 1254.3 3.92 4.0 0.6864 5.469 9.232 

3. WATER3 RT 1000 1830 1150 3.82 3.98 0.711 6.19 6.969 

4. WATER4 RT l 080.9 635 2164.1 3.66 3.88 0.4422 2.23 l 0.75 

5. WATERS RT 1111.9 1223.9 1844.2 3.8 4.18 0.5588 3.24 8.204 

LIQUID NITROGEN 

1. NITRl -196 1158 1050.6 1871.4 3.88 4.08 0.5413 3.0499 14.53 

2. NITR2 -196 927.6 1500 1632.4 3.76 4.06 0.5979 3.7417 7.769 

3. NITR3 -196 1136.3 1141.2 1802.5 3.74 4.08 0.558 3.234 9.498 

KQ WF 
[MPam0-5] U/m2l 

8.0 424 

8.0 436 

7.1 259.5 

4.3 182.2 

4.1 141.5 

6.9 525.4 

4.7 781.5 

4.9 429.9 



E Results of Complimentary Testing of CNB and SEPB 

Specimens in Air at Room Temperature 

Table E.1 Complimentary SEPB and pre- cracked CNB specimens. 

~lloy composition: Al 65.7±0.2%; Ti 25.2±0.1%; Mn 9.2±0.2% 

Mode of Loading: 4 pt. bending, 51 = 1 6 mm; 52=4 mm; 

Specimen Type: CNB 

Sp. B w Pmax KQvM 

# [mm] [mm] ao a1 apr Ymin Yapr [kG] [MPa✓m] 

1 4.06 5.32 0.062 0.971 <am 7.59 - 26.9 6.8 

2 3.94 5.56 0.12 1.0 <am 8.49 - 21.5 6.1 

3 3.98 5.54 0.122 1.0 0.585 8.416 12.27 12.9 5.2 

4 4.08 5.32 0.067 0.959 0.292 7.55 7.61 23.3 5.8 

Mode of Loading: 4 pt. bendinci, S1=35 mm; 52=4 mm; 

5 3.1 6.72 0.297 0.972 0.72 25.05 42.21 4.2 6.8 

6 3.62 5.84 0.427 0.943 0.725 37.03 50.8 4.3 7.7 

Alloy composition: Al 65.8±0. l %; Ti 25.5±0. l %; Mn 8.8±0. l %; B 0.004 ±0.00 l % 

Mode of Loading: 4 pt. bending, S1 = 16 mm; S2=4 mm; 

lSoecimen Type: CNB 

l 3.72 5.74 0.202 0.911 0.645 8.56 13.03 11.3 5.1 

2 4.06 5.76 0.237 0.944 0.708 9.60 l 7.08 10.6 5.8 

3 4.0 5.8 0.246 0.947 0.736 9.76 19.24 1 0.1 6.3 

4 4.32 5.74 0.293 0.946 0.700 l 0.86 17.05 8.9 4.5 

Alloy composition: Al 65.8±0.1%; Ti 25.5±0.1%; Mn 8.8±0.1%; B 0.004 ±0.001% 

Mode of Loading: 3 pt. bending, S= 16 mm; 

Specimen Tvoe: SEPB 

Sp. Notch Preer. Lig. B w a/W f(a/W) Pmax KQ 

# [um] [um] [um] [mm} [mm] [kG] [MPa✓m] 

l 2179 1629 1950 3.9 5.76 0.661 14.01 18.96 8.8 

2 2417 1548 1810 3.96 5.78 0.686 15.64 19.48 9.9 

3 1306 1250 3180 3.64 5.74 0.445 6.681 25.06 5.9 

4 1296 1132 3310 3.64 5.74 0.423 6.281 23.4 5.2 
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F Fracture Modes of Toughness Specimens 

Table F. l Fracture mode of CNB specimens (9Mn) tested in air (4pt.). 

Temp. % 

Specimen [°C] lntergranular 

Fracture 

AITiL9 RT 0 

AITiL2 200 5 

AITill 5 200 10 

AITiL5 400 27 

AITill 6 400 33 

AITill 7 500 55 

AITill 8 500 48 

AITiL7 600 70 

AITill 2 800 78 

AITill 4 800 85 

AITiL6 1000 100 

AiTill 3 1000 99 
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Table F.2 Fracture mode of SEPB (3pt.) and CNB (4pt.) specimens. 

AIR, Low-Mn (9Mn), 3pt bendinQ (SEPB) ARGON, Low-Mn (9Mn), 3pt bendinq (SEPB) 

Specimen Temp. % lntergranular Specimen Temp. % lntergranular 
[OC] Fracture [°C] Fracture 

2sh26 RT 0 ARGON12 RT 0 

5shl 6 200 15 ARGON13 100 5 

6sh16 400 60 ARGON14 200 5 

9sh16 500 so ARGON16 200 10 

14shl 6 500 65 ARGON15 300 15 

16sh 16 600 80 ARGON6 400 30 

27sh16 600 85 ARGONS 400 18 

25sh16 700 80 ARGON9 500 35 

17shl 6 800 90 ARGONl 600 50 

11 sh 16 1000 100 ARGON10 600 80 

ARGON2 700 85 

ARGON3 800 85 

ARGONl 1 800 95 

ARGONS 1000 100 

High Mn (14Mn), 4pt bendinq (CNB) 9Mn-0.004B, 4pt bending (CNB) 

Specimen Temp. % lntergranular Specimen Temp. % lntergranular 
[OCJ Fracture [°C] Fracture 

AITiHMl RT 0 AITiBl RT 0 

AITiHM2 RT 0 AITiB2 200 5 

AITiHM3 200 0 AITiB3 400 30 

AITiHM4 200 0 AITiB4 600 75 

AlTiHMS 400 0 AITiB5 800 90 

AITIHM6 500 0 AITiB6 1000 95 

AITIHM7 500 5 AITi87 1000 100 

AITIHM8 600 0 AITIB8 1000 100 

AITIHM9 600 5 

AITiHMl 0 700 20 

AITiHMl 1 700 15 

AITiHMl 2 800 25 

AITiHMl 3 800 30 

AITiHMl 4 1000 50 

AITiHMl 5 1000 50 

AITiHMl 6 1000 50 

AITiHMl 7 1000 40 

AITiHMl 8 1000 40 
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Table F.3 Fracture mode of CNS Low- and High- Mn, B-doped specimens (4pt.). 

l 4Mn-O.24B (no.12 in Table 5.1) l 4Mn-O.65B (no.13 in Table 5.1) 

Specimen Temp. 96 lntergranular Specimen Temp. % lntergranular 

[°C] Fracture roq Fracture 

AlO RT 0 Bl RT 0 

Al RT 0 B2 RT 0 

A12 200 0 B3 RT 0 

Al 1 200 0 B4 200 0 

A13 400 0 BS 200 0 

A7 400 0 B6 400 0 

A6 600 10 B7 400 0 

AS 600 15 B8 600 0 

A2 600 5 B9 600 0 

A14 800 20 813 800 30 

A4 800 so 810 800 40 

A3 800 30 B11 1000 80 

A17 800 30 B12 1000 85 

AlS 1000 85 B14 1000 90 

A18 1000 60 

AB 1000 40 

9Mn-O.25 B (no. 1 0 in Table 5. l) 9Mn-O.66B (no. 11 in Table S .1) 

Specimen Temp. 96 lntergranular Specimen Temp. 96 lntergranular 

[0e1 Fracture [0e] Fracture 

C4 RT 0 011 RT 0 

cs RT 0 012 RT 0 

Cl 200 s 01 200 5 

C2 200 10 01A 200 10 

C3 400 20 013 200 3 

C6 400 90 D3 400 30 

Cll 600 40 04 400 so 
C12 600 30 014 400 70 

C7 800 80 05 600 70 

ClO 800 85 06 600 80 

CB 1000 100 07 800 90 

C9 1000 90 08 800 85 

Cl 3 1000 90 D15 800 80 

D17 800 85 

D19 800 80 

D9 1000 100 

D10 1000 100 

D16 1000 90 

D18 1000 95 

D20 1000 95 

D21 1000 90 
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Figure G. l Pole figures for grains in the specimen of the 9Mn alloy tested at 
200°C; a), b), and c) for all the grains measured; d), e), and f) for the 

fractured grains. 
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Figure G.2 Pole figures for grains in the specimen of the 9Mn alloy tested at 
400°C; a), b), and c) for all the grains measured; d), e), and f) for the 

fractured grains. 
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Figure G.4 Pole figures for grains in the specimen of the 9Mn alloy tested at 
800°C; a), b), and c) for all the grains measured; d), e), and f) for the 

fractured grains. 
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Figure G. 5 Pole figures for grains in the specimen of the 9Mn alloy tested at 
1000°C; a), b), and c) for all the grains measured; d), e), and t) for the 

fractured grains. 
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H Optical Micrographs of Surface Cracks 

Figure H. l 

•. 

. . - - . 

;::;;1tl;! 
"'I"~ • .. ••. -

a) Plastic de formation between closely spaced cracks, b) plastic 

deformation along crack path irregularities. 
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Figure H.2 a) Plasticity developed in the region of crack deviation from its main 

path, b) slip lines symmetrical about the main, straight crack (very 

rarely occurring). 
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K Powder Characteristics and Processing 

Figure K. l SEM micrographs of powder milled for 47 h (Ingot #14). 
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Figure K.2 SEM micrographs of powder milled for 209 h (Ingot #1 5). 
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Figure K.3 SEM micrographs of powder milled for 21 5 h (Ingot #1 5). 
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Figure K.3 Contd. 

Figure K.4 Optical micrographs of powder milled for a) 208 h, b) 236 h (Ingot 
#14) 
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Figure K.5 Optical micrographs of powder milled for: a) and b) 19 h (Ingot #14); c) 

and d) 209 h (Ingot #1 5); e) and f) 21 Sh (Ingot #1 5). 
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Figure K.S Contd. 
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Figure K.6 Optical micrographs of powder milled for: a) and b) 282 h (Ingot #1 5); 

c) and d) 386 h (Ingot #14). 
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Figure K.7 Optical micrographs of powder pressed at RT at pressures: a) and b) 

1 980 MPa; c) and d) 21 80 MPa; e) and f) 2400 MPa (not polished); g) 

and h) 2400 MPa (polished); i), j) and k) 2580 MPa. 
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F" igure K. 7 Contd. 
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Figure K.8 Optical micrographs of powder, cold pressed at 2400 MPa and sintered 
at: a) and b) 900°C for 1 5 min; c) and d) 1000°C for 1 5 min; e) and f) 

1100°C for 1 5 min; g) and h) 1100°C for 3hr; i) and j) 11 50°C for 1 5 

min (not polished); k) and I) 11 50°C for 1 5 min (polished); m) and n) 

1 200°c for 1 s min. 
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Figure K.8 Contd. 
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Figure K.9 SEM micrographs of powder, cold pressed under 2400 MPa and 
subsequently sintered for 1 5 min at: a) 900°C; b) 1 000°C. 
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Figure K. l 0 

?.~~~?~~-~ •• •• • 
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;~~ 

Optical micrographs of the recrystallized grains in specimens cold­
pressed under 2400 MPa and subsequently sintered at: a) 1 000°c; b) 

11 00°C; C} 11 50°C. 
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Figure K.11 Optical micrographs of cold and hot compacted powders: a) and b) 
K.4.1; c), d), e) and f) K.4.2; g) and h) K.4.3; i) and j) K.4.4; k) and I) 

K.4.5; m) and n) K.4.6 (Table K.4 in Appendix K). 
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Figure K.12 Optical micrographs of cold and hot compacted powders: a) and b) 
K.5.1; c), d) and e) K.5.2; f) and g) K.5.3; h) and i) K.5.4; j) and k) 

K.5.5; I) and m) K.5.6 (Table K.5 in Appendix K). 
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Figure K.1 3 Optical micrographs of the powder compact obtained in Australia 

showing recrystallized l(cores" (heavily etched) (K.4.2 powder in Table 
K.4). 
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Figure K.14 Optical micrographs of the microstructure of the compact obtained in 
Australia (lightly etched). 
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Figure K.1 5 Optical micrographs of the powder compact obtained in this work 

showing recrystallized cores (heavily etched) (compact K.S .6 in Table 
K.5). 
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Figure K.16 Optical micrographs of the microstructure of the compact obtained in 

the present work (etched); pictures (a) and (b) were obtained under 

different illumination conditions to show the non-uniformity of 

re crystal I izati on. 
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Figure K.1 7 Optical micrographs of microhardness indentations in the location 

number: a) 6; b) 9; c) 1 O; d) 11, and e) 13 in Fig.5.106. 
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Figure K. l 8 Optical micrographs of the hot-pressed powder obtained in this work: 
a) unetched; b), c) and d) etched and showing recrystallized regions 
(bright areas) (powder compact no. K.5.6- Table K.5). 
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Figure K.1 9 Optical micrographs of the hot-pressed powder (powder compact no. 

K.5.6- Table K.5) obtained in this work: a), b) and d) a gradual change 

in indentation size, c) abrupt indentation size change at the particle 

(unmilled) boundary (1 0g load). 
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Optical micrographs of the indentations made under 300g load 

(powder compact no. K.4.2- Table K.4). 
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Figure K.21 

_:_J. 
i 36µm 

Optical micrographs of the indentations made under 500g load 

(powder compact no. K.4.2- Table K.4). 
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Figure K.22 Optical micrographs of the indentations made under 1000g load 
(powder compact no. K.4.2- Table K.4). 
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Optical micrographs of the indentations made under 2000g load 
(powder compact no. K.4.2- Table K.4). 
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Table K.1 Microhardness (HV 0.01) (1 0g load) of selected powders and 

corresponding crystallite size as a function of milling time. 

Crystallite Size Micro hardness (HV 0.01) 

Milling Time [nm] [kg/mm2] 

[h] (Cauchy Core Outer Layer No Core 
approx.) 

0 

(as-cast --- 296±20(20) --- ---

homogenized 

ingot) 

19 24 386±47(27) 489±82(17) ---
105 6 430±62(23) 61 5±80(20) 613±70(25) 

208 3 453±100(39) 611 ±80(72) 601 ±75(34) 

386 3 --- --- 728±71 (26) 

Table K.2 Microhardness (HV 0.01) of powder milled for 208h compacted at 

room temperature under various compaction pressures (ten 

measurements were made for the average). 

Microhardness (HV 0.01) 
Spec. Specimen [kg/mm2] Porosity 
No. description Core Outer layer [%1 

1. CP 1980 MPa 414±67 577±73 32±3.2 

2. CP 2180 MPa 440±55 617±80 26±3.5 

3. CP 2400 MPa 429±39 618±59 29±2.0 

4. CP 2580 MPa 454±36 693±119 16±3.3 
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Table K.3 Microhardness (HV 0.01) of powders compacted at room temperature 

and subsequently sintered in air (ten measurements were made for 

the average). 

Microhardness (HV 0.01) 

Spec. Specimen [kg/mm2] Porosity 

No. description Core Outer layer [%] 

CP 2400 MPa 

1. sintered at 900°C 267±27 347±26 28±3.1 

for 15 min 

CP 2400 MPa 

2. sintered at 1 000°C 245±35 343+40 23±5.3 

for 15 min 

CP 2400 MPa 

3. sintered at 11 00°C 242±30 320+25 29±3.6 

for 15 min 

CP 2400 MPa 

4. sintered at 1100°C 238±24 314+32 53±1.6 

for 3 hr 

5. CP 2400 MPa 

sintered at 11 50°C 194±15 254+16 39±4.3 

for 15 min 

CP 2400 MPa 

6. sintered at 1200°c 158±13 262+18 42±7.2 

for 15 min 
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Table K.4 Microhardness at various loads of powders milled for 208h compacted at room and high 

temperatures (in the University of Wollongong, Australia) (ten measurements were made for the 

average). 

Mlcrohardness 

[kg/mm2] 

Spec. Powder processing Porosity Core 
No [%) Outer layer "averagP" 

10 g 

l O q 200 q 500 q l 000 g 2000 q 

CP,HP 

K.4. l 700°c for 1 h 2.0±0.8 209±17 574±42 679±45 695±33 641±33 699±37 

900°C for l 5 min 

K.4.2 CP,HP 0.6±0.2 243±30 727±93 753±40 684±47 684±23 698±31 

900°( for 1 5 min 

CP,HP 

K.4.3 700°c for 1 h 7.5±1.4 197±18 732±77 794±89 686±46 642±21 675±42 

850°C for 1 5 min 

K.4.4 CP 8,3±2.2 280±19 866±84 754±83 664±49 609±34 681±64 

HP 850°C for l 5 min 

K.4.5 CP 12.5±1.7 307±46 924±102 732±52 594±51 574±19 600±30 

HP 800°C for l 5 min 

CP,HP 

K.4.6 700°C for l h 10.9±1.l 227±33 646±71 769±78 612±51 590±41 578±23 

800°C for 15 min 

Heating time to achieve compaction temperature was ~5 min. 

Full load was kept on the samples right from the beginning of heating and until temperature 

reached ~ l 50°C upon cooling after the test. 

CP - cold pressed (at RT) at 450 MPa 

HP - hot compacted at 21 0 MPa 



Table K.5 Microhardness (HV 0.01) of powders compacted at room and high 

temperatures (in this work) (ten measurements were made for the 

average). 

Microhardness (HV 0.01) 

Specimen [kq/mm 2] Porosity [%] 

description Core Outer layer (includes oxide 

layer) 

CP 2400 MPa 

K.5.1 HP 320 MPa 317±43 401±37 20±2.2·1 

at 900°C for 10 min 

CP 2400 MPa 

K.5.2 HP 350 MPa 179±16 306±16 19±1.4•) 

at 900°C for 1 5 min 

CP 2400 MPa 

K.5.3 HP 360 MPa 255±19 383±45 l 7±2. 1 ·1 

at 900°C for 20 min 

CP 2400 MPa 

K.5.4 HP 470 MPa 232±31 384±47 19±1.3•) 

at 91 S°C for 1 5 min 

CP 450 MPa 

K.5.5 HP 430 MPa 220±28 347±24 22±2.2·> 

at 91 5°C for 15 min 

CP 450 MPa 

K.5.6 HP 430 MPa 199±23 310±45 0.4±0.1 

at 91 5°C for 15 min (real) 

Heating time to achieve compaction temperature was ~45 min. 

Specimens K.5.1- 5.5 were loaded once they reached the hot compaction 

temperature and unloaded right after the compaction 

Specimen K.5.6 was fully loaded from the beginning of heating, pressed for 1 5 min 
under that load and kept fully loaded until it reached ~ 1 50°C on cooling after the 

test. 

*>- Numbers are overestimated because interparticle boundaries (dark lines) were 

counted by the Java system as additional porosity. 
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L Microhardness and Indentation Fracture Toughness of Hot­

Compacted Powders 

Table L.1 Microhardness and indentation fracture toughness of hot compacted 

powder K.4.1 in Table K.4 (at 500 g). 

Load 500 [q] 

Microhardness [HV] Crack length I Fracture toughness 
[kg/mm2J [µmJ Krc[MPa✓mJ 

l. 683 16.7 2.0 

2. 692 11.8 2.4 

3. 719 11.9 2.4 

4. 661 11.6 2.3 

5. 740 l 5.4 2.1 

6. 674 17.8 l.9 

7. 685 18.6 l.9 

8. 690 13.6 2.2 

9. 675 18.5 1.9 

l 0. 732 12.0 2.4 

11. 704 14.7 2.1 

12. 717 14.2 2.2 

13. 597 18.6 l.7 

14. 702 17.4 2.0 

l 5. 674 17.7 1.9 

16. 694 12.7 2.3 

17. 696 14.5 2.1 

18. 686 15.3 2.1 

19. 645 15. 1 2.0 

20. 727 12.0 2.4 

21. 725 11.7 2.4 

22. 690 17.4 1.9 

23. 685 10.7 2.5 

24. 702 14.7 2.1 

25. 685 11.4 2.4 

26. 763 15.6 2.2 
27. 704 19.6 1.8 

28. 647 21. l 1.7 

29. 685 10.5 2.5 

30. 663 12.5 2.3 

31. 665 16.3 2.0 

32. 621 12.7 2.1 

33. 704 18.1 1.9 

34. 707 12.S 2.3 

35. 732 14.5 2.2 

36. 729 13.6 2.2 

37. 729 15.4 2.1 
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Table L.2 Microhardness and indentation fracture toughness of hot 

compacted powder K.4. l in Table K.4 (at 2000 g). 

Load 2000 [q) 

Microhardness Crack length Fracture 
[HV] I [µm] toughness 

[kq/mm2J K,c[MPa✓mJ 

1. 654 69 1.9 
2. 613 86 1.6 
3. 730 69 2.0 
4. 686 81 1.8 
5. 729 92 1.7 
6. 757 58 2.2 
7. 720 54 2.2 
8. 726 38 2.7 
9. 673 68 1.9 
10. 718 79 1.9 
11. 723 58 2.2 
12. 685 70 1.9 
13. 729 so 2.3 
14. 682 63 2.0 
1 5. 757 59 2.2 
16. 715 67 2.0 
1 7. 672 59 2.1 
18. 696 77 1.9 
19. 646 88 1.7 
20. 651 55 2.1 

21. 741 81 1.9 

22. 743 91 1.8 

23. 670 57 2.1 

24. 717 82 1.8 

25. 700 67 2.0 

26. 642 85 1.7 
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Table L.3 Microhardness and indentation fracture toughness of hot compacted 

powder K.4.2 in Table K.4 (at 200 and 300 g). 
Load [g] 

200 300 

Microhardness Crack Fracture Microhardness Crack Fracture 
[HV] length toughness [HV] length toughness 

[kg/mm2] I [µm] Krc[MPa✓m] [kq/mm2] I [µm] K,c[MPa✓m] 

746 8.5 1.8 746 11.7 1.9 
674 8.9 l.7 749 10.5 2.0 
810 9.6 1.8 730 13.2 1.8 

742 9.8 1.7 685 10.0 2.0 
806 10.2 1.7 741 14.8 l.7 

759 10.1 1.7 757 12.8 1.8 
770 10.1 1.7 733 13.3 1.8 

780 9.1 1.8 722 12.8 1.8 
795 7.9 1.9 671 15.0 1.6 
749 10.4 1.6 702 11.4 1.9 
770 8.2 1.9 700 14.9 1.6 
695 9.1 1.8 733 12.7 1.8 
763 7.1 2.0 766 10.0 2.1 
777 10.6 1.7 786 9.0 2.2 
710 9.8 1.7 733 13.8 l.7 
723 8.0 1.8 757 15.0 1.7 
766 11.3 1.6 705 11.4 1.9 

710 10.1 1.6 685 10.7 1.9 
680 9.6 l.6 725 14.5 1.7 
784 8.8 1.8 722 13.9 1.7 
825 8.4 1.9 807 16.S 1.7 
729 9.4 1.7 807 12.8 1.9 
759 8.7 1.8 728 11.3 1.9 

780 10.9 2.0 
755 11. 1 2.0 
786 12.3 1.9 
746 13.2 1.8 
682 11.3 1.9 

789 8.4 2.3 
749 11.1 2.0 
786 10.0 2.1 
722 15.6 1.6 

746 15.4 l.7 

780 12.1 1.9 

777 11.8 1.9 
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Table L.4 Microhardness and indentation fracture toughness of hot compacted 

powder K.4.2 in Table K.4 (at 500 and 1 000 g). 

500 fa] 1000 [g] 

Microhard ness Crack length Fraaure Micro hardness Crack length Fracture 
[HV] I [µml toughness [HV] I [µml toughness 

[ka/mm2J Kic[MPa✓mJ [ka/mm2J Kic[MPa✓mJ 

770 20.7 l.9 726 27 2.0 
746 16.0 2.1 751 25 2.4 
740 15.3 2.1 655 28 2.1 
736 24.2 1.7 737 40 2.1 
766 17.7 2.0 696 31 2.1 
740 32.1 l.5 709 31 2.1 
679 22.0 1.7 705 48 l.7 
672 11.5 2.3 628 48 1.6 
679 24.5 1.6 682 44 1.7 
702 21.7 1.7 664 30 2.0 
704 16.7 2.0 660 33 1.9 
717 16.0 2.1 687 38 1.8 
706 20.6 1.8 678 37 1.9 
639 23.3 1.6 696 47 1.7 
688 16.6 2.0 700 59 1.5 
732 19.1 1.9 637 37 1.8 
715 22.7 1.7 675 33 2.0 
649 20.3 1.7 702 37 1.9 
677 20.3 1.8 670 58 1.5 
647 26.0 1.5 700 38 1.9 
692 19.9 1.8 739 43 1.8 
622 19.2 l.7 690 38 1.8 
717 16.8 2.0 706 45 l.7 
746 21 1.8 713 36 1.9 
702 22.5 1.7 665 34 1.9 
672 T 4.9 2.1 703 34 2.0 
721 13.2 2.3 687 35 1.9 
692 15.6 2.0 692 31 2.0 
686 17 2.0 688 38 1.9 
709 22.l 1.7 675 36 1.9 
709 21.3 1.8 706 38 1.9 
715 18.7 1.9 674 34 1.9 
685 26.2 1.6 700 34 2.0 
635 20.4 1.7 639 29 2.0 
675 20.8 1.7 695 39 1.8 

654 39 1.8 
690 46 1.7 

1000 ral contd. 700 37 1.9 

655 39 1.8 703 42 1.8 
702 38 1.9 649 46 1.6 
674 45 1.7 706 40 1.8 
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Table L.5 Microhardness and indentation fracture toughness of hot compacted 
powder K.4.2 in Table K.4 (at 2000 g). 

Load 2000 [a] 
Micro hardness Crack Fracture Microhardness Crack Fracture 

[HV] length toughness (HV] length toughness 
[ka/mm2] I [um] K,c[MPa✓m] [kg/mm2J I [um] K,c[MPa✓m] 

654 69 1.9 67S 67 2.0 
613 86 1.6 674 S7 2.1 
730 69 2.0 680 45 2.4 
686 81 1.8 72S 63 2.1 
729 92 1.7 671 51 2.2 
757 58 2.2 714 63 2.1 
720 54 2.2 701 51 2.3 
726 38 2.7 694 S7 2.1 

673 68 1.9 694 61 2.1 
718 79 1.9 699 S7 2.1 
723 58 2.2 671 49 2.3 
685 70 1.9 671 65 2.0 
729 50 2.3 686 60 2.1 
682 63 2.0 683 53 2.2 
757 59 2.2 668 43 2.4 
715 67 2.0 668 59 2.1 
672 59 2.1 672 58 2.1 
696 77 1.9 675 60 2.0 
646 88 1.7 673 48 2.3 
651 5S 2.1 649 S8 2.1 
741 81 1.9 625 46 2.3 
743 91 1.8 662 4S 2.3 
670 57 2.1 677 56 2.1 
717 82 1.8 700 51 2.3 
700 67 2.0 664 54 2.1 
642 85 1.7 703 52 2.3 
671 60 2.0 703 53 2.2 
703 71 l.9 668 63 2.0 
6S5 71 1.9 667 66 2.0 
737 73 l.9 706 53 2.3 
652 68 l.9 663 66 2.0 
692 59 2.1 
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Table L.6 Microhardness and indentation fracture toughness of hot compacted 

powder K.4.3 in Table K.4 (at 500 g). 

Load 500 [g] 

Microhardness Crack length r Fracture 
[HV] [µm] toughness K,c 

[kq/mm2] [MPa✓mJ 

l. 772 21.S 1.8 

2. 683 16.7 2.0 

3. 661 22.5 1.7 

4. 681 16.3 2.0 

5. 668 14.8 2.1 

6. 657 13.5 2.1 

7. 668 14.3 2.1 

8. 675 14.2 2.1 

9. 777 18.7 2.0 

10. 709 17.0 2.0 

11. 675 20.3 1.8 

12. 717 15.0 2.1 

13. 663 17.6 1.9 

14. 666 20.6 1.7 

1 5. 696 14.4 2.1 

16. 591 12.5 2.1 

17. 761 22.4 1.8 

18. 681 19.7 1.8 

19. 704 15.9 2.0 

20. 779 19. l 2.0 

21. 656 15.3 2.0 

22. 629 14.2 2.0 

23. 637 12.6 2.2 

24. 692 13.5 2.2 

25. 639 21.1 1.7 

26. 593 15.5 1.9 

27. 717 19.2 1.9 

28. 709 13.7 2.2 

29. 692 14.5 2.1 

30. 727 15.3 2.1 
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Table L.7 Microhardness and indentation fracture toughness of hot compacted 

powders: K.4.3, K.4.4, and K.4.5 in Table K.4 (at 2000 q). 

Microhardness [HV} Crack length Fracture toughness 
[kq/mm2J I furn] Kic[MPa-vmJ 

Specimen K.4.3 

1. 659 67 1.9 
2. 716 59 2. l 
3. 589 60 1.9 
4. 662 52 2.2 
5. 677 57 2.1 
6. 634 so 2.2 
7. 728 41 2.6 
8. 692 62 2.1 
9. 715 62 2.1 

Specimen K.4.4 

l. 779 81 1.9 
2. 746 72 2.0 
2. 736 60 2.1 
3. 790 62 2.2 
4. 710 47 2.4 
5. 697 67 2.0 
6. 686 55 2.2 
7. 583 54 2.0 
8. 718 59 2.1 
9. 691 59 2.1 
1 o. 644 57 2.1 
11. 612 44 2.0 
12. 583 54 2.0 
13. 621 55 2.1 
14. 593 so 2.1 
15. 666 49 2.3 
16. 595 so 2.1 
17. 691 41 2.5 

18. 725 53 2.3 

S1>ecimen K.4.5 

l. 624 39 2.5 
2. 528 51 2.0 
3. 554 86 1.6 

4. 621 45 2.3 
5. 612 60 2.0 
6. 628 70 1.8 
7. 590 55 2.0 
8. 610 69 1.8 

9. 632 54 2.1 
10. 594 55 2.0 
11. 620 so 2.2 
12. 584 64 1.9 
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Table L.8 Microhardness and indentation fracture toughness of hot compacted 

powder K.4.4 in Table K.4 (at 500 g). 

Load 500 [qJ 

Microhardness [HVJ Crack length I Fracture toughness 

[kg/mm2J [µm] K1c[MPa✓m] 

1. 674 19.8 1.8 

2. 736 18.5 1.9 

3. 637 12.3 2.2 

4. 666 13.2 2.2 

5. 647 11.0 2.4 

6. 656 18.6 1.8 

7. 637 14.8 2.0 

8. 654 20.7 1.7 

9. 795 19.0 2.0 

1 o. 578 18.4 1.7 

11. 642 16.5 1.9 

l 2. 717 11.7 2.4 

13. 723 10.8 2.5 

14. 719 15.6 2.1 

15. 649 13.4 2.1 

16. 649 21.5 1.7 

1 7. 640 14.6 2.0 

18. 661 11.7 2.3 

19. 779 20.S 2.0 

20. 711 14.0 2.2 

21. 738 16.8 2.0 

22. 654 11.0 2.4 

23. 702 10.5 2.5 

24. 677 21.6 1.7 
25. 661 19.2 1.8 

26. 593 11.6 2.2 

27. 634 14.0 2.1 

28. 609 11.9 2.2 
29. 609 20.8 1.7 

30. 670 11.5 2.3 
31. 632 18.0 1.8 
32. 681 14.9 2.1 

33. 674 15.5 2.0 

34. 629 11.7 2.3 

35. 584 13.0 2.1 

36. 677 17.9 1.9 

37. 622 14.0 2.0 

38. 600 20.6 1.6 

39. 630 15.2 2.0 
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Table L.9 Microhardness and indentation fracture toughness of hot compacted 

powder K.4.6 in Table K.4 (at 2000 g). 

Load 2000 [g] 

Microhardness Crack length Fracture 

[HV] I [µm] toughness 

[kg/mm2] K,c[MPa✓m] 

1. 574 48 2.1 

2. 563 39 2.3 

3. 614 60 2.0 

4. 589 68 1.8 

5. 603 51 2.1 

6. 551 44 2.2 

7. 552 47 2.1 

Table L. l 0 Average indentation fracture toughness of hot compacted powders 

(in Table K.4) at various indentation loads. 

SPECIMEN# Porosity Fracture touqhness [MPa✓m] 
(%1 200 [g] 300 [g] 500 [q] 1000 [g] 2000 [g] 

K.4.1 2 2.1±0.21 2.0±0.23 

K.4.2 0.6 1.8±0.10 1.9±0.16 1.8±0.20 1.9±0. l 7 2.1±0.19 

K.4.3 7.5 2.0±0.1 5 2.1 ±0.19 

K.4.4 8.3 2.0±0.24 2.1 ±0.1 5 

K.4.5 12.5 2.0±0.23 

K.4.6 10.9 2.1 ±0.14 
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